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Fast ion conducting glasses have been widely studied for technologically 
important applications such as solid electrolytes in electrochemical devices, 
especially all-solid-state rechargeable batteries. A detailed understanding of 
ion conduction mechanisms in these glasses is one of the key features for the 
development of solid electrolytes. However, such knowledge has yet to be 
thoroughly understood.   
This thesis therefore deals with investigations of ion conduction 
mechanisms in fast ion conducting oxide glasses. Influence of network 
modifier (in lithium silicates) and halide dopant concentration (in lithium 
halide-doped phosphates), as well as of mixed glass former effect (in lithium 
borophosphates) on the structure, physical properties and Li
+
 ion transport 
pathways is clarified using the combination of experimental and simulation 
techniques. 
Chapter 1 introduces the field of solid state ionics, fast ion conductors or 
solid electrolytes. Classification of solid electrolytes and fundamentals of ion 
ix 
 
transport in solids are mentioned. Literature on fast ion conducting glasses and 
especially a detailed survey on the oxide glasses under study are thoroughly 
reviewed. Theoretical models of ion conduction mechanisms in inorganic 
glasses are also discussed. Finally, motivation and objectives of the present 
study are stated. 
Chapter 2 describes techniques used in this project, which include both 
experimental and simulation techniques. Various experimental techniques are 
employed to characterize structural and physical properties of the investigated 
glasses. Computer simulation techniques include Molecular Dynamics (MD) 
simulation and Bond Valence (BV) analysis.  
Results of the present work are presented and discussed in Chapters 3, 4, 
5. Chapter 3 and 4 investigate ion transport pathways in lithium silicate   
xLi2O – (1 – x)SiO2 and halide-doped phosphate yLiX – (1 – y)(0.6Li2O – 
0.4P2O5) (where X = Cl, Br) glasses respectively. The results  show clear 
evidence that density and connectivity of the percolating pathways for the 
motion of Li
+
 ions rise (i) with the increase of the network modifier (Li2O) 
content, or (ii) with the increase of halide LiX dopant concentration or with 
the doping by more polarisable halide X
-
 ions.  BV analysis of the Li
+
 
transport pathways in the MD-simulated glass structures shows the same 
variation of the scaled pathway volume fraction with the experimental 
conductivity as previously observed from pathway models based on reverse 
Monte Carlo modelling. Further studies on structural variations, physical 
properties (glass transition temperature, ionic conductivity, etc) and ac 
conductivity have been conducted in these glassy systems. 
x 
 
Research on the formation, atomic structure, transport properties of 
lithium borophosphate glasses 0.45Li2O – (0.55 – x)P2O5 – xB2O3                  
(0 ≤ x ≤ 0.55) is given in Chapter 5. Correlation between structure and 
conductivity were scrutinized using FT-IR, Raman, XPS and impedance 
spectroscopy, as well as MD simulation and Bond Valence (BV) approach. 
Two proposed models to predict the variations of structure and ionic 
conductivity (σdc) with B2O3 addition are in very good agreement with 
experimental results. Structural studies from BV analysis qualitatively 
harmonize with those from Raman and XPS spectra. Analyses of impedance 
data in the borophosphate glasses indicate the existence of a universal ionic 
relaxation process in these materials. Similar to lithium silicates and halide-
doped phosphates, in the borophosphate glasses the increase in the volume 
fraction of Li
+
 ion transport pathways with the B2O3 content is in line with the 
decrease of activation energy (Ea) and the increase of σdc. 
Conclusions from the present study and proposals for future work are 
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Chapter 1  
 






1.1. Solid state ionics 
1.1.1. Definitions and background 
This research project focuses on studying the ion conduction mechanisms 
in fast ion conducting oxide glasses for the application in solid-state 
rechargeable batteries. Ionic conductors are materials, which can conduct 
electricity via the migration of highly mobile ions (cations and/or anions). 
While in general both liquids and solids could be ionic conductors, the 
objective of this project concentrates on solid state ionic conductors. 
Materials, which exhibit high ionic conductivity (10
-4
 to 1 S/cm) and 
negligible electronic conductivity at temperatures below their melting point, 
are termed as fast ion conductors (FIC) or solid electrolytes. Solid state ionic 
conductors differ from electronic conductors, e.g. metals and semiconductors, 
where the mobile charge carriers are electrons. Solids which exhibit both 
electronic and ionic conductivity in significant proportions are referred to as 
mixed conductors. In a battery mixed conductors cannot be used as solid 
electrolytes, as the electronic conduction leads to short circuiting. Instead, 
mixed conductors are important electrode materials for both battery (such as 
LixCoO2, LixMn2O4, LiFePO4 etc) and fuel cell (yttrium–zirconium–titanium 
oxides (YZT), La0.4Sr0.6Ti1−xMnxO3, Sr2Mg1−xMnxMoO6−δ etc) applications. 
Ionic conduction in solid state materials was first discovered in 1833 by 
Michael Faraday, who detected high ionic conductivity in Ag2S and PbF2 at 
elevated temperatures [1, 2]. However, it was not until 1914 Tubandt and 
Lorentz showed the first direct proof of Ag
+
 ion transport in AgI and other 
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silver halides (in 1932), where a variation in mass of Ag electrodes separated 
by AgX (where X = I, Br, Cl) was observed, when an electric current was 




 ion conducting materials were 
also discovered. Li2SO4 is one of the fast Li
+
 conductors found as early as 
1921 by Benrath and Drekopf [5]. Since then, many studies have focused on 
solid state ionics and a wide variety of solid materials with fast ionic 
conduction (or solid electrolytes) were identified subsequently. 
Solid electrolytes find numerous applications in solid-state 
electrochemical devices, such as solid state batteries (where Li
+
 ion-based 
solid electrolytes are mostly used), fuel cells, gas sensors, super-capacitors, 
electro-chromic displays, etc. [6 – 9]. In terms of battery applications, solid 
electrolytes range from LiI in Li-I2 batteries for powering heart pacemakers, 
LIPON (Li2y+3z-5POyNz) or Li-B-O-N systems in rechargeable thin film 
batteries used for integrated circuits or smart cards, up to sodium β-alumina 
(NaAl11O17) in sodium-sulfur batteries for large scale electric energy storage. 
The first generation of Lithium ion rechargeable battery for portable devices 
was introduced by Sony in 1990, which used LiPF6/alkyl carbonate as 
electrolyte, LiCoO2 as cathode and graphite as anode. 
Solid electrolytes offer many potential advantages when compared to 
liquid electrolytes, i.e. absence of leakage, avoidance of safety concerns due to 
flammable organic liquids or the possibility of short-circuiting by Li whisker 
formation, long shelf life, rugged construction, possibility of easy 
miniaturization (no need for mechanical separators between electrodes), wide 
temperature range of operation, better thermal durability, large electrochemical 
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stability window [9, 10]. Solid electrolytes can occur in crystalline, polymeric 
materials, glass and glass ceramics.  
1.1.2. Crystalline solid electrolytes 
Ion transport in crystalline solid electrolytes has been thoroughly 
investigated. Two types of defects accountable for ion transport in the crystals 
are Schottky and Frenkel defects. In Schottky defects, cation and anion leave 
their lattice site to create vacancies; while in Frenkel defects a lattice ion 
(cation or anion) moves to an interstitial position and leaves behind a vacancy.   
The mobility of one ion species in a stable crystal structure requires point 
defects that typically move via one of three elementary jump mechanisms: (i) 
vacancy mechanism: a particle at the regular site hops into a vacancy and 
leaves behind a vacancy (see Figure 1.1(a)); and two mechanisms involving 
interstitials: (ii) direct interstitial mechanism: an interstitial defect jumps 
directly into another interstitial site (see Figure 1.1(b)); (iii) interstitialcy or 
indirect interstitial mechanism: the interstitial defect pushes a particle at the 
regular site into an adjacent empty interstitial site (see Figure 1.1(c)) [11, 12]. 
For crystalline solid electrolytes more complex correlated motions have been 
found, such as paddle-wheel mechanism and percolation-type mechanism in 
alkali sulfate based materials [13 – 15]. There has been a long-standing debate 
on the ion transport mechanism of alkali sulfates. In the paddle-wheel 
mechanism which was proposed by Lundén [13], the strong enhancement of 
cation mobility at high temperatures is explained by the coupled rotational 
motion of translationally static sulfate ions and the Li
+
 cation. The strong 
coupling between sulfate and Li
+
 ion motion is attributed to insufficient space 
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for free rotation. On the other hand, in the percolation-type mechanism, Secco 
[14] assumed that the increase of lattice constants upon doping of guest ions, 
such as    
   or     
   into sulfate (   
  ) lattice, leads to an expansion of 
the “transport volume” for the cations and thus decreases the activation energy 
of the ion transport. It is now accepted that the high Li
+
 ion conduction of 
alkali sulfates is linked to the relatively facile rotational motion of    
   
tetrahedra via the paddle-wheel mechanism. 
 















Figure 1.1. Elementary jump mechanisms in ionic crystal: (a) vacancy 
mechanism, (b) direct interstitial mechanism, (c) interstitialcy (indirect 




Selected examples of ionic conductivities for the crystalline solid 
electrolytes are given in Table 1.1. The best-known example of fast ion 





C and an activation energy of around 0.05eV [16]. Another 
well-known ionic conductor is RbAg4I5, which has one of the highest values 
of dc = 0.27 S.cm
-1
 at room temperature and an activation energy around 
0.10eV [17]. In the lithium thiophosphate systems, the crystalline phase 
Li7P3S11 formed by heating the 70Li2S – 30P2S5 glass at 360
0
C for 1h was 




 at room temperature and 
activation energy of 14 kJ/mol (≈ 0.15eV) [18, 19]. Most recently, the Li7P3S11 
analogous phase, Li7P3S11-z, was produced by thermal treatment at 360
0
C for 





 when compared to Li7P3S11 phase without P2S3 doping [20]. 
Despite the high ionic conductivity, the crystalline materials have several 
disadvantages. Many FIC materials cannot be obtained as single crystals and 
their anisotropic nature possesses considerable difficulty in interfacing with 




Table 1.1. Ionic conductivity (σdc) and activation energy (Ea) of some 
crystalline solid electrolytes. 
Compound σdc (S.cm
-1
) Ea (eV) Reference 
α – AgI 1.0 (at 1470C) 0.05 [16] 
RbAg4I5 0.27 (at 25
0















C) 0.24 [23] 









C) 0.87 [24] 
Li3N 4.0 x 10
-4
  (at 25
0
C) 0.30 [25] 
Li0.34La0.51TiO2.94 (LLTO) 1.0 x 10
-3
  (at 27
0
C) 0.40 [26, 27] 




C) 0.35 [28] 











C) 0.30 – 0.61 [32 – 34] 




C) 0.40 – 0.60 [35, 36] 


















C) _ [40] 




C) 0.40 [41, 42] 




C) 0.51 [43] 




C) 1.40 [44] 




C) 0.15 [18, 19] 




C) _ [20] 
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1.1.3. Polymeric solid electrolytes 
Polymer electrolytes, notably polyethylene oxide (PEO) based salts 
exhibit moderate ionic conductivity at room temperature [45 – 61], which 
limits their applicability at lower temperatures, e.g. in car batteries for non-
tropical regions. The mechanical strength of the polymer films is poor and as a 
result creeps under pressure while fabricating devices. In addition, thermal 
stability of the polymer film is not the expected level to buffer the temperature 
variation while in operation. Table 1.2 shows ionic conductivities for some 
selected polymeric solid electrolytes. 
Table 1.2. Ionic conductivity (σdc) and activation energy (Ea) of some 
polymeric solid electrolytes. 
Compound σdc (S.cm
-1
) Ea (eV) Reference 
(PEO)20LiClO4 1.0 x 10
-7
 ( at 25
0
C) _ [45, 47 – 50] 




C) _ [51] 
(PEO)9LiTf 6.7 x 10
-7
 ( at 25
0
C) _ [52] 
(PEO)9LiTf + 15 wt.% Al2O3 7.8 x 10
-6
 ( at 25
0
C) _ [52] 
(PEO)9LiTf + 15 wt.% Al2O3 + 





C) _ [52] 




C) 0.36  – 1.15  [53 – 55] 
(PEO)10 LiTFSI 3.2 x 10
-5
 ( at 25
0
C) 0.84 [56 – 61] 
(PEO)6LiAsF6 9.0 x 10
-8
 ( at 28
0
C) 0.57 [46] 
(PEO)6(LiAsF6)0.97(LiTFSI)0.03 9.0 x 10
-7
 ( at 28
0
C) 0.73 [46] 




C) 0.74 [55] 




C) _ [50] 
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1.1.4. Glassy and glass-ceramic solid electrolytes 
Glassy materials have many advantages over their crystalline counterparts 
from a technological point of view. Amorphous solids are generally easy to 
prepare; homogeneous thin films can be produced in different shapes and sizes 
for device applications. A bulk glass can readily be formed from the melt by 
relatively slow quenching procedures and near the glass transition temperature 
the material remains workable over a range of temperatures. Furthermore, the 
physical properties of bulk glasses are isotropic and homogeneous. The 
absence of microstructural defects, such as grain boundaries and dislocations, 
is important for their mechanical behaviors and mechanical engineering 
applications. Also, amorphous phases can often be formed in mixed-
component systems over wide ranges of compositions. This allows their 
properties to be varied continuously simply by varying the composition. 
Figure 1.2 shows a comparison of the temperature-dependent conductivities of 
various crystalline and amorphous solid electrolytes. More details on glassy 





Figure 1.2. A comparison of the temperature-dependent conductivities of 
various crystalline and amorphous solid electrolytes. Reproduced from [10, 
16]. LiPON: Lithium Phosphorous OxiNitride; LiBSO: LiBO2 – Li2SO4; 
LiSON: Lithium Sulfur OxyNitride; LiSiPON: Nitrogen-incorporated Lithium 
SilicoPhosphate (Li3PO4 – Li2SiO3); LISICON: LIthium SuperIonic 
CONductor; thio-LISICON: Sulfide-based LIthium SuperIonic CONductor. 
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Glass ceramics are made through the heat treatment of bulk glasses above 
the glass transition temperature (Tg), close to the crystallization temperature 
(Tc) to bring about nucleation and to partially crystallize the material.  Ionic 
conductivity of glass-ceramics can be lower or higher than that of their glassy 
counterparts depending on the system and the extent of the crystallization   
[19, 62 – 69]. The large glass-crystal interface area during the initial phase of 
crystallization often leads to enhanced conductivity, while for nearly complete 
crystallization conductivity is in most cases lower than in the glassy state    
[62, 63]. Figure 1.3 illustrates the variation of ionic conductivities with 
temperatures for the typical sulfide-based glass and glass-ceramics             
Li2S – P2S5, for example. 
 
Figure 1.3. Variation of ionic conductivities with temperatures for                  
(1 – x)Li2S – xP2S5 glass and glass-ceramics. Reproduced from Ref. [70], data 
from [66 – 68]. 
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1.2. Fundamentals of ion transport in solids 
1.2.1. Ion diffusion 
In general, there are two elementary types of ion diffusion: chemical 
diffusion (diffusion due to the gradient of concentration) and self diffusion 
(diffusion without the gradient of concentration). 
In theory, total potential energy (Ui) of species i is composed of chemical 
potential (μi) and Coulombic interaction energy (ziqΦ) as follows:                                                     
           (1.1) 
and also  
              (1.2) 
where zi and ci (cm
-3
) are the charge number and concentration of species i, 
respectively; q is the elementary amount of charge (q = e = 1.6 x 10
-19
 J), Φ is 
the electrostatic potential at a given position, kB is Boltzmann constant         




) and T is temperature in Kelvin (K). 
The force Fi acting on the species i is then calculated by:              
         
   
  
   
   
  
    
  
  
  (1.3) 
The diffusive flux Ji of species i is subsequently estimated by:                     
                
   
  
    
  
  
  (1.4) 
where βi is the mobility of species i, and x is the position.  
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1.2.1.1. Chemical diffusion 
Since the diffusion is brought about by concentration gradient (   ), the 
latter part (   
  
  
) in Equation (1.4) equals to 0. Thus, Equation (1.4) can be 
rewritten as:                                   
        
   
  
       
   
  
 (1.5) 
Besides, the diffusive flux Ji can also be described by: 
             
   
  
 (1.6) 
which is known as Fick‟s law, where Di the diffusion coefficient (cm
2
/s). 
Comparing Equations (1.5) and (1.6), we have the following Einstein relation:                                                  
         (1.7) 
1.2.1.2. Self diffusion 
Due to the diffusion without concentration gradient (
   
  
  ), Equation 
(1.4) is now as follows:                                              




In addition, the diffusive flux Ji is related to current density (Ii) of species i 
by the following equation:                                                             
         (1.9) 
According to Ohm‟s law, the current density Ii is linked to conductivity 
(i) of species i by the relation:                                                        
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Combining both Equation (1.9) and (1.10), we deduce that                                                   
    
  




Again, by comparing Equation (1.8) and (1.11), we can conclude that                                                     
   
  
        
 (1.12) 
By substituting Equation (1.12) into Equation (1.7), we finally obtain the 
relation between self-diffusion coefficient Di and partial conductivity i as 
follows:                              
   
     
        
                      
       
   
   
 (1.13) 
which is known as Nernst-Einstein relation. This equation is used in this thesis 
to estimate the ionic conductivities from the Molecular Dynamics simulations 
and then compare to those determined from impedance spectroscopy. It is 
noteworthy that the above derivation (Equation (1.13)) assumed that the 
mobile species move independently. For a correlated diffusion mechanism, the 
Haven ratio HR, which is the ratio between tracer diffusion coefficient Dt and 
conductivity diffusion coefficient Di, i.e. HR = Dt/Di, should be introduced.  
Hence the Nernst-Einstein relation between the diffusion coefficient and 
conductivity should be rewritten as:                              
   
       
        
                      
       
   
     
 (1.14) 
If the diffusion is caused by vacancy mechanism, HR then equals the 
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correlation factor f, which ranges from 0 to 1 (f = 1 means no correlation; f = 0 
indicates highly correlated diffusion). 
1.2.2. Thermodynamics of ion conduction 
If the conduction is predominantly due to a single ionic species, the 
electrical conductivity can be expressed by the following equation:                                                    
         (1.15) 
Here, c is the concentration of mobile ions with the charge (zq), and β 
represents the mobility of this ion type. 
For an intrinsic ionic conductor, the mobile defect concentration c is given 
by:                                       
         
   
   
  (1.16) 
where c0 is the concentration of investigated ions (i.e., (c/c0) is the fraction of 
ions which are mobile), Gc represents the change of free energy due to the 
formation of a single mobile defect. 
In addition, the mobility (β) of the mobile species is described by:                                         
               (1.17) 
and also                                        
         
   
   
  (1.18) 
where  is the geometrical factor, a and   are the distance and frequency of 
ion jump, respectively;  0 is the vibrational frequency of ions around the 
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equilibrium positions, and GM is the free energy barrier for ion migration. 
Furthermore, it is well-known that:                                              
          (1.19) 
By substituting Equations (1.16), (1.17), (1.18) and (1.19) into Equation 
(1.15), the ionic conductivity () can be rewritten as:                
  
            
   
    
       
  
      
       
   
  (1.20) 
Since in fast ion conductors (FIC) the degree of disorder in the mobile ion 
sublattice and the mobile ion concentration are expected to be high without the 
need of thermal generation, the additional formation of defects and ion 
migration will not significantly enhance the disorder of system.  As a result, 
(SC + SM) may be considered to have a negligible value, and hence 
    
       
  
  nearly equals to 1. Then we can let 
   
            
  
    
       
  
  




                
  where Ea is the activation energy. 
 The final simplified form of Equation (1.20) is as follows:                                                    
          
  
   
  (1.21) 
which is known as Arrhenius-type behavior of temperature-dependent ionic 
conductivity. As shown later in Chapters 4 and 5, the ionic conductivities of 
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glasses under study in this thesis follow this Arrhenius-type behavior.  
The activation energy (Ea) for ion conduction can be determined by taking 
the natural logarithm of Equation (1.21) as follows:                                       






Consequently, the values of Ea are directly calculated from the slope (i.e., 
–Ea/kB) of Arrhenius plot ln(T) vs (1/T). The Arrhenius plots of some ionic 
conductors can be seen in Figures 1.2 and 1.3. 
1.3.  Fast ion conducting glasses 
1.3.1. Definition of glass 
According to J. Zarzycki (1991), “glass is a non-crystalline material that 
exhibits a glass transition, which is the temperature or range of temperatures 
that define the region where the properties of the material change continuously 
from those of a solid to those of a liquid.” In other words, glasses are 
amorphous (and thus necessarily metastable) solids that exhibit a glass 
transition.  
1.3.2. Silver-based glasses 
Silver ion conducting glasses with various glass formers exhibit high ionic 
conductivity (σdc), as given in Table 1.3. Most of these glasses contain the 
dopant salt AgI. When iodide is introduced in glasses containing the modifier 
Ag2O along with any glass former, the resulting glasses show high σdc even at 
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room temperature, though the room temperature phase of AgI is not a good 
ionic conductor. σdc increases with increasing AgI content. It should however 
be mentioned that the earlier hypothesis of AgI-like regions in the FIC glasses 
could not be confirmed, as typically nearly all silver ions have a mixed halide 
oxide environment [71, 72]. For equal AgX (X = Cl, Br, I) concentration, the 
conductivity decreases along with the anion polarisability in the order         
σAgI > σAgBr > σAgCl and for the same silver halide, the variation in conductivity 
is larger when the ionic conductivity of the parent glass is low. The highest 
conductivities in glasses are reached when all anions exhibit high 
polarisability, such as in AgI doped silver sulfide glasses [73], where it seems 
that the fraction of mobile Ag
+
 ion reaches a saturation level.    
An analogous increase of conductivity with the halide dopant 
concentration and polarisability is observed in lithium-based glasses (see 
below). Maximum ionic conductivity at room temperature reaches 410-2 
S/cm in AgI-doped Ag-based glasses and 210-3 S/cm in Li-based glasses with 
LiI addition. Despite the highest ionic conductivity, silver-based glasses have 
several disadvantages. They are expensive, exhibit low decomposition 
potential and batteries containing silver-based glassy electrolytes have low 
gravimetric energy density due to the greater mass of silver ion when 
compared to lithium ion.  
1.3.3. Lithium-based glasses 
Since lithium is light and highly electro-positive, lithium-based glasses 
find potential applications in high energy density solid state batteries even 
though their ionic conductivity (σdc) is not as high as that of silver-based 
19 
 
glasses. Ionic conductivities of some selected lithium oxide glasses are given 
in Table 1.3. Lithium ionic conductivity is observed in glasses with glass 
formers such as SiO2, P2O5, V2O5, B2O3, SeO2 and TeO2. In all these glasses, 
σdc increases with increasing content of the network modifier Li2O. σdc is 
further increased when more than one glass former is used, which is known as 
the mixed former effect or mixed anion effect [74 – 81]. Doping of these 
glasses with lithium halides such as LiCl, LiBr, LiI [82 – 85] typically 
enhances σdc by several orders of magnitude as exemplified in Table 1.3. In 
contrast σdc shows a pronounced minimum when two different mobile ions 
(such as two different alkali ions) are introduced into the oxide glasses, which 
is known as the mixed alkali effect or mixed mobile ion effect [86 – 92].  
Lithium ion conducting sulfide glasses show an increase in σdc of more 
than three orders of magnitude when compared to the oxide glasses of 
analogous composition, as shown in Table 1.3, which is due to the higher 
polarisability of sulfur, though at the cost of decreasing stability of the glasses. 
SiS2, P2S5, B2S3 and GeS2 are the commonly used glass formers in Li2S based 
glasses. When two glass formers such as P2S5 and P2S3, GeS2 and P2S5, or SiS2 
and GeS2 are incorporated in the same glass, σdc is shown to increase [68, 81, 
93]. Besides, the addition of small amounts (up to 5 mol%) of lithium ortho-
oxysalts  LixMOy (where M = Si (Li4SiO4), P (Li3PO4), Ge (Li4GeO4), B 
(Li3BO3), and Al (Li3AlO3)) to the sulfide-based glasses, which forms 
oxysulfide glassy systems, leads to a slight rise in σdc [94, 95]. Similar to the 
oxide glasses, doping of LiCl, LiBr or LiI into the sulfide-based glasses has 
been explored to further enhance σdc. The system of Li2S – SiS2 – P2S5 – LiI 
[96] glass exhibits the highest σdc among the lithium glasses so far reported. 
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C) 0.76 [78] 
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C) 0.47 [79, 80] 
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C) 0.47 [110] 




C) 0.40 [111, 1112] 




C) 0.30 [113, 114] 




C) 0.36 [68, 115] 




C) 0.31 [116] 
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C) 0.34 [96] 




C) 0.34 [94, 117, 118] 






C) 0.34 [95] 
Various methods of preparation of glasses have been reported in literature. 
The classical technique used to prepare glass is the melt quenching method. 
Recently, many groups have started using a new technology for the 
preparation of amorphous materials, namely, mechanical milling. In analogy to 
mechanical alloying of metals it is supposed that the amorphization via 
mechanical milling involves solid state inter-diffusion processes rather than 
local melt quenching [119 – 121]. Amorphous solid electrolytes in the system 
Li2S – P2S5 were prepared from a mixture of crystalline Li2S and P2S5 using a 
mechanical milling technique at room temperature by Tatsumisago et al. [113, 
114]. Most recently, the sulfide-based glass-ceramics produced from heat 
treatment of corresponding mechanically milled glasses show the highest dc 
of 5.4 x 10
-3
 S/cm at room temperature for the compositions of  70Li2S – 
29P2S5 – 1P2S3 and 68.6Li2S – 29.4P2S5 – 2GeS2 [20, 122]. The transport 




1.4. Review of oxide glasses under study 
Research described in this thesis concentrates on studying the ion 
conduction mechanisms in technically relevant oxide-based glassy solid 
electrolytes, in particular lithium silicate, phosphate and borophosphate 
glasses. Therefore, a detailed review of the state of knowledge on these glass 
systems will be provided in the following sections.  
1.4.1. Alkali silicate glasses 
SiO2 is the technically most important network former. Amorphous silica 
(SiO2) is generally made up of SiO4 tetrahedra linked by sharing an oxygen 
atom at a corner to form silicate network [123]. The disorder in the silicate 
network can be described by continuous random network (CRN) model, in 
which Si – O – Si angle lies between about 1200 and 1800, and there is very 
small variation in the bond length of Si – O (1.62 Å), O – O (2.65 Å) and       
O – Si – O tetrahedral angle (109.470) [124 – 127].  
The introduction of alkali oxides, which are considered as network 
modifiers, into the silicate network breaks up the continuous random network 
by converting the bridging oxygens to non-bridging oxygens while 
maintaining silica SiO4 tetrahedra. An oxygen atom covalently bonded to two 
silicon atoms in such a network is commonly referred to as bridging oxygen 
(BO), while non-bridging oxygen (NBO) is an oxygen atom forming a 
covalent bond to only one Si atom, leaving an ionic charge that is 
conventionally taken to be -1. This charge then gives rise to an ionic bond to 
modifier cations. The number of NBOs increases with increasing alkali oxide 
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content. The structure of alkali silicate glasses may be illustrated by the 
modified random network (MRN) model, as proposed by Greaves [128]. In 
this model, the local aggregation of network formers into network regions and 
of network modifiers into inter-network regions, which depend on the modifier 
content, may exhibit different morphologies, but should be characterized by a 
high concentration of NBOs.  
As the NBOs are each coordinated by one Si atom, a given SiO4 
tetrahedron may have from 0 to 4 NBOs. These different SiO4 tetrahedral units 
are normally described as Qn, where Q symbolizes the TO4 tetrahedron          
(T = Si, P, etc), and the index n represents the number of BOs linked to the 
central T atom and for the case of T = Si may also take values of 0 to 4. 
Consequently the number of NBOs per Si is then 4 – n. The simplest 
theoretical model to predict the concentration of Qn units in alkali silicate 
glasses, xM2O – (1 – x)SiO2, is the idealized lever (binary) rule [127, 129, 
130] as follows: 
                        2Qn + M2O  2Qn – 1                                                   (1.23) 
In this model, it was assumed that only two types of Qn units will exist in 
a particular glass, i.e. for 0 ≤ x ≤ 0.33 there is only a progressive formation of 
Q3 from Q4 units, for 0.33 ≤ x ≤ 0.50 the formation of Q2 from Q3 units, then 
for 0.50 ≤ x ≤ 0.60 the formation of Q1 from Q2 units, and finally for          
0.60 ≤ x ≤ 0.67 the only formation of Q0 from Q1 units, without any formation 
of other Qn units.  
Various experimental techniques have been employed to investigate the 
network structure of the silicate glasses, including neutron and X-ray 
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diffraction, EXAFS, IR, XPS, Raman and NMR spectroscopy. Among these 
techniques, IR [131 – 134], Raman [135 – 137] and NMR [129, 130, 138 – 
141] are often used to determine the distribution of Qn units present in a glass. 
Different numbers of NBOs on a Qn unit alter the vibration frequencies by 
modifying the network connectivity, and also alter the chemical shift of 
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NMR signal by modifying the charge density around Si atom. In alkali silicate 
glasses, the proportions of Qn units with higher NBO/Si ratios were reported to 
increase with the increase of alkali oxide content [129, 130, 135 – 141]. Figure 
1.4 shows the variations of Qn units of lithium silicate glassy systems for 
example [130]. Since more than two types of Qn units are found to be present 
in many of the glasses, the more precise description of distributions of Qn units 
at each particular composition was proposed to include the equilibria: 
                                     2Qn           Qn – 1 + Qn + 1                                         (1.24) 
where n = 1, 2, 3. 
Furthermore, Raman and NMR results also revealed that at the same 
alkali oxide concentration, the smaller alkali ions systematically favor 
considerable disproportionation, i.e. prefer to proceeds to the right-hand side 
of Equation (1.24) [129, 130, 135 – 141]. Based on this disproportionation 
reaction, Gurman [142] proposed a thermodynamic model named bond 
ordering model to predict the relative number of different Qn units present in 
the glass. By providing an appropriate value of bond ordering energy for each 
alkali silicate system (e.g. E/KTg = 1.5 ± 0.5 for Li, 2.5 ± 0.5 for Na), the 
results from this model were reported to agree well with Raman and NMR 




Figure 1.4. Fractions of Qn units (index n refers to number of bridging 
oxygens (BOs) around Si atom) in xLi2O – (1 – x)SiO2 glasses as a function of 
J, where J is the molar ratio of Li2O to SiO2. Data were obtained from 
deconvolution of NMR spectra. Dotted lines are the idealized lever rule. 
Reproduced from Ref. [130]. 
The structural modifications due to the distributions of Qn units control 
the physical and chemical properties of the silicate glasses. The addition of 
alkali oxide to silicate glasses reduces the viscosity of the melt and the glass 
transition temperature [127]. The densities, refractive indices, and thermal 
expansion coefficients of the glasses increase with the increase of alkali oxide 
content [127, 143]. Ionic conductivity of the alkali silicate glasses, which is 
due to the diffusion of alkali ions, increases and the activation energy 
logarithmically decreases with rising alkali oxide concentration [103, 144, 
145]. The variations in these properties are essentially due to the creation of 
non-bridging oxygen, which leads to the reduction in the network connectivity 
of the glasses, i.e. the structure becomes more open. 
Many efforts have been made to understand the relationships of 
composition-structure-properties, and underlying mechanisms of ion transport 
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in alkali silicate glasses. Computer based simulation techniques, e.g. 
Molecular Dynamics (MD) simulations, are the useful tools to correlate 
structure and properties, as well as to discover the ion dynamics by using 
various interatomic potential forms [146 – 151]. Cormack and Cao [149] have 
demonstrated the ion dynamics in sodium silicate glasses by MD and have 
observed a few sequences of jumps between selected sites. They interpreted 
the resulting dynamics as the motion of “vacancies” and suggested that the 
identification of all sites in the glass would be useful for a deeper 
understanding of the mechanism. The presence of conduction pathways 
(within the inter-network regions) has been proposed to understand the 
dynamics of mobile ions in alkali silicate and other ionic conducting glasses. 
The existence of conduction channels (formed by series of sites that are visited 
by many different ions) was reported for Li2O – SiO2 glasses by Lammert and 
Heuer [150], who conclude that the mobility of ions in single sites is found to 
depend strongly on the number of bridging oxygens in the coordinated shell. 
In addition, Sen and Mukerji [151] also proposed potential energy landscape 
of Li
+
 mobile ions in lithium silicate glasses containing 3.3 – 15 mol% Li2O to 
explain the logarithmic decrease of the activation energy for dc conductivity 
with increasing mobile ion concentration.  
1.4.2. Alkali phosphate glasses 
1.4.2.1. Vitreous phosphate glasses (v-P2O5) 
Like vitreous silicates, the structure of vitreous phosphates is also based 
on a tetrahedral building block in which each P is surrounded by four O atoms. 
Since phosphorus is a pentavalent ion (P
5+
), three of these oxygens are 
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bridging oxygens (BO), which link neighboring tetrahedra via P – O – P bonds 
to form three-connected network, and the fourth oxygen is a double-bonded 
non-bridging oxygen, P = O (NBO). Therefore, the basic units of v-P2O5 are 
Q3 tetrahedra, as confirmed from neutron diffraction studies by Hoppe et al. 
and Suzuya et al. [152, 153] (using a Qn notation as explained in 1.4.1). The 
structures of the three polymorphs of crystalline P4O10, i.e. one hexagonal and 
two orthorhombic forms, are also based on cross-linked Q3 tetrahedra [154 – 
156].  In v-P2O5, the bond length of the fourth bond P = O (1.42 – 1.43 Å) is 
significantly shorter than that of the P – BO bonds (1.58 Å), a consequence of 
its enhanced -bond character [152, 153]. In general, the P = O bond lengths 
are shorter and the P – BO bond lengths are longer in the v-P2O5 than those in 
the different polymorphs of crystalline P4O10 [153, 157 – 159]. In crystalline 
P4O10, the average O – P – O bond angle is 109.02
0
, which is close to the 
tetrahedral angle of 109.47
0










 in the v-P2O5 [160]. 
In general, phosphate glasses have lower glass transition temperature, 
melting temperature, and higher thermal expansion coefficients, ionic 
conductivity than those found for silicate glasses [161, 162]. These properties 
make them useful candidates for fast ion conducting materials and other 
important applications such as laser hosts, glass-to-metal seals and bio-




1.4.2.2. Binary alkali phosphate glasses 
The introduction of network modifying alkali oxides (M2O) to v-P2O5 
results in the creation of non-bridging oxygens (NBOs) at the expense of 
bridging oxygens (BOs). The resulting depolymerisation of the phosphate 
network with the addition of alkali oxide, M2O, can be described by the 
pseudo-reaction model (cf. Equation (1.23)) [164], where the index n in Qn 
(where n = 0, 1, 2, 3) is the number of bridging oxygens per PO4 tetrahedron, 
consequently the number of non-bridging oxygens per PO4 tetrahedron will be 
4 – n. Figure 1.5 shows the possible phosphate structures existing in the 
phosphate glasses. 
 
         Q3                 Q2                  Q1               Q0 
Figure 1.5. Phosphate tetrahedral units that can exist in the phosphate glasses. 
Reproduced from [165]. 
Equation (1.23) assumes that there are only two different Qn units present 
at each composition of alkali phosphate glasses. In the ultraphosphate region 
of xM2O – (1 – x)P2O5 glasses (where 0 ≤ x ≤ 0.50) thereby only Q3 and Q2 
units will be present, and more Q2 units should be created at the expense of Q3 
units with the addition of M2O up to x = 0.50.The distributions of Q2 and Q3 
units can be predicted as follows [164]:                                                             
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 (1.25a) 
       
      
      
 (1.25b) 
At the metaphosphate composition, x ≈ 0.50, the glass network is entirely 
formed by Q2 units which connect via P – O – P bonds to form chains and 
rings. These chains and rings are linked by ionic bonds between metal cations 
and NBOs.  
Polyphosphate glasses (x > 0.5) possess the chains, which are made up of 
Q2 units terminated by Q1 units. The average chain length progressively 
decreases with increasing the [O]/[P] ratio as a result of the disruption of long 
chain structures [166]. At the pyrophosphate composition, x = 0.67 or [O]/[P] 
= 3.5, the glass network is dominated by (P2O7)
4- 
dimers, i.e. two Q1 units 
linked by a common bridging oxygen. In the region between the 
metaphosphate (x = 0.5) and pyrophosphate (x = 0.67) compositions, the glass 
networks possess chains, which are made up of Q2 units terminated by Q1 
units. The proportions of Q1 and Q2 species calculated from Equation (1.23) 
are given by:                                         
       
       
      
 (1.26a) 
       
       
      
 (1.26b) 
In the composition range between the pyrophosphates (x = 0.67) and 
orthophosphates (x = 0.75), (P2O7)
4-
 dimers break down and only the isolated 
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Q0 species should exist in the orthophosphates. The fractions of Q0 and Q1 
estimated from Equation (1.23) are then given by:     
       
       
      
 (1.27a) 
       
       
      
 (1.27b) 
In the binary glass xM2O – (1 – x)P2O5, the ratio of BO/NBO within the 
whole range of  0 ≤ x ≤ 0.75 can be predicted by the following equation: 
                             BO/NBO = 0.5(3 – 4x)                                           (1.28) 
Martin et al. reported the glass forming region in binary lithium phosphate 
glasses xLi2O – (1 – x)P2O5 up to x = 0.625 for conventional melt quenching 
technique [104]. Using the rapid quenching technique, the region of glass 
formation can be extended to x = 0.70 [167, 168]. In the binary alkali 
phosphate glasses, it was observed that there is a significant change in the 
physical properties near the alkali oxide content x ≈ 0.20. Both glass transition 
temperature (Tg) and density of Li and Na phosphate glasses reduce with 
rising alkali oxide content (Li2O or Na2O) and reach a minimum at x ≈ 0.20, 
and for x > 0.20, Tg and density increase again [104, 165, 169, 170]. Since Tg 
values of Li, Na and also Cs [170] phosphate glasses are lower than that of 
pure v-P2O5, it is apparent that the v-P2O5 with the 3-dimensional branched 
network is stronger than the binary alkali glasses for all values of x. The 
minimum of Tg at x ≈ 0.20 also indicates that only when x > 0.20 do the 




) start to strengthen the glass structure. In 
addition, ionic conductivity increases and corresponding activation energy 
decreases with rising alkali oxide content [103, 104].The increase of ionic 
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conductivity is due to the formation of more NBOs with the increase of alkali 
oxide content, which leads to the reduction in the network connectivity of the 
glasses and thus facilitates the Li
+
 ion movement. 
Several analytical techniques have been used for the investigation of glass 
structure and structure – property relationships in the phosphates such as 
neutron and X–ray diffraction (XRD), X–ray photoelectron spectroscopy 
(XPS), extended X–ray absorption fine structure (EXAFS), Infrared 
spectroscopy (IR), Raman spectroscopy, and Nuclear magnetic resonance 
spectroscopy (NMR).  
XPS studies can effectively provide a quantitative analysis of oxygen 
bonding states in the binary phosphate glasses [171 – 174]. Generally, XPS 
O1s spectra can be decomposed into two components. The high and low 
binding energy peaks around 533.2eV and 531.5eV are assigned to bridging 
oxygen (BO), and non-bridging oxygen (NBO) respectively. In binary 
phosphate glasses with high P2O5 contents, NBO includes both double bonded 
P = O and P – O- , and it is difficult to distinguish these two types of oxygen 
[173 – 175]. XPS spectra clearly showed that the number of NBOs increases, 
and the number of BOs decreases with increasing modifier content, and the 
quantification of BO/NBO ratios is similar to the analysis from NMR results 
as well as to the prediction from Equation (1.28) [173, 175]. 
The evolution of the cross-linked Q3 network of v-P2O5 to the chain-like 
Q2 network of the metaphosphate can be observed in NMR spectra [173, 176]. 
These spectra showed that typically in the ultraphosphate region (0 ≤ x ≤ 0.50) 
only Q2 and Q3 units are present, and no disproportionation of Q2 units      
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(2Q2  Q1 + Q3) occurs, except for calcium metaphosphate glass [177]. 
According to Brow [163], distributions of Q3 and Q2 units in this region are in 
good agreement with the predictions from pseudo-reaction model (Eq. (1.25a) 
and (1.25b)). However, in the polyphosphate region (x > 0.50) NMR spectra 
indicate that Q1 sites disproportionate to Q0 and Q2 groups (2Q1  Q2 + Q0), 
as reported by Tatsumisago et al., Walter et al., and Brow et al. [178 – 181]. 
Raman and IR spectra for alkali ultraphosphate [165, 169, 173, 182] and 
polyphosphate [178, 183] glasses xM2O – (1 – x)P2O5 also show the 
progression from the cross-linked Q3 network to the chain-like Q2 structure, 
and then to Q1 and Q0 species with the increase of modifier content. Results 
from Raman spectra are also consistent with the simple model in Equation 
(1.23). In the Raman spectra, with the increase of alkali oxide content, the 
dominant stretching band of P – NBO shifts from the frequency of 1390 cm-1 
for x = 0 (symmetric       P = O stretching mode on Q3 phosphate tetrahedra) to 
near 1170 cm
-1
 for x = 0.50 (symmetric PO2 stretching mode of NBO on Q2 
tetrahedra), then to 1050 cm
-1
 for x = 0.67 (symmetric PO3 stretching mode of 
NBO on Q1 tetrahedra), and further to 950 cm
-1
 for x = 0.70 (symmetric PO4 
stretching mode of NBO on Q0 tetrahedra). These frequency shifts show the 
progressive depolymerisation of the phosphate network as well as the increase 
in the average bond length of P – NBO, which is also observed from neutron 
and X – ray diffraction studies for phosphate glasses [184]. Raman spectra of 
Li and Na phosphate glasses [165] also revealed that in the region of               
0 ≤ x ≤ 0.20 symmetric P = O stretching band on Q3 units remains essentially 
unchanged. Therefore the decrease of Tg up to x ≈ 0.20 mentioned earlier can 
be explained by the decrease of bridging oxygens (BOs), as Q3 network  
33 
 
depolymerises to form Q2 species. For x > 0.20, both IR [169] and Raman 
[165] showed the shift of (P = O) band to lower frequency with increasing 
alkali oxide content. This frequency shift reveals the delocalization of            
-bonding on the Q3 units, and hence lengthening of (P = O) bond. The 
increase of P = O bond length is also observed in NMR spectra in case of Li 
phosphate glasses [176].The -bonding delocalization results in the increase of 
network strength due to the formation of alkali – oxygen bridges. 
Consequently, for x > 0.20 the glass transition temperature (Tg) rises with the 
increase of alkali oxide content [165]. 
X – ray diffraction and 6Li NMR studies indicate that Li+ ions has 
coordination number from 4 to 5 in case of phosphate glasses, while mostly 4 
for ternary crystalline phosphates [185, 186]. The average coordination 
number of Li in a wider range of crystalline oxide salts is 5.02 [187]. Besides, 
the average bond lengths of Li – O and P – O are found to be around 2.02 – 
2.04 Å and 1.52 – 1.53 Å in Li phosphate glasses, respectively [185]. The 
coordination number of Na
+
 ions is about 5, as revealed from diffraction 
studies of sodium metaphosphate glass [188, 189]. Hoppe [184, 190] proposed 
a structural model, which is based on the coordination environments of 
modifier cations (CNM) and the number of NBOs (NNBO) available to 
coordinate the modifier cations, to explain the property minima (such as 
density, Tg)  in the binary phosphate glasses at x ≈ 0.20. This model predicts 
the transition from region I (NNBO > CNM) to region II (NNBO < CNM) 
occurring at x = 0.20 to 0.25, which is also observed in Raman and IR spectra, 
for Li and Na phosphate glasses. According to this model, for x ≤ 0.20 the 
density decreases due to the expansion of Q3 network to accommodate the 
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alkali ions, while for x > 0.20 density increases with rising alkali oxide content 
as more alkali ions share corners and edges. 
In addition to experimental techniques mentioned above, an alternative 
way to study the relation between structure and properties in the glassy states 
is computer based simulation techniques, such as ab initio, reverse Monte 
Carlo (RMC), and Molecular Dynamics (MD) simulations. The main 
advantage of computer simulation is to bypass the experimental problems in 
glasses, such as difficulties in the preparation and property measurement of 
glasses due to their hygroscopic nature. Ab initio method can be used to 
predict the local structure and vibrational properties, such as pair and radial 
distribution functions, IR, Raman and XPS, and analyze coordination 
environment of alkali ion in the glassy systems [191 – 193].  The RMC 
method can generate static structural models that quantitatively agree with 
neutron and   X-ray diffraction, EXAFS and NMR data, as well as other 
structural and chemical knowledge of the glasses [89, 194, 195]. This model is 
currently the only viable method to reproduce the structural models from the 
experimental data. However, no dynamical information can be extracted from 
RMC model. An alternative approach to obtain all the information about 
structure and dynamics (within the limitations imposed by the system size and 
the simulated period) is the MD simulation. The MD approach has shown to 
be a very useful tool in obtaining direct insight into the conduction mechanism 
and its correlation to the atomic structure [196 – 201]. Karthikeyan et al. [196] 
demonstrated the ion dynamics in xLi2O – (1 – x)P2O5 glasses by MD 
simulation, and observed that the mean square displacement (MSD) of Li
+
 
ions increases with the increase in lithium oxide content. MSDs of both 
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phosphorous and oxygen are considerably lower than that of Li
+
 ions, which 
confirmed that only Li
+
 ions are the mobile species and contribute to ionic 
conductivity. He suggested that Li
+
 ion migration is facilitated by the presence 
of an optimal NBO environment, and not directly linked to NBO – BO 
transformations (or bond flips). Vogel [199] performed MD simulation to 
investigate the lithium jumps in the LiPO3 glasses. He found that short-lived 
dynamical heterogeneities, where the fast Li
+
 ions  participate in the correlated 
back – and – forth jumps between neighboring sites and migrate along the 
preferential pathways in the glassy network. He concluded that the sites 
featuring fast and slow Li
+
 ion dynamics are intimately mixed and an 
exchange between the fast and slow Li populations is fast. Adams et al. [201 – 
204] presented the bond valence (BV) approach, which is based on the local 
structure models derived from RMC or MD simulations, to predict 
quantitatively the ion transport pathways in the phosphate, as well as silicate 
and borate glasses. The authors revealed that the mobile ions in MD snapshots 
have a narrower distribution of BV sums and coordination numbers than RMC 
models. In case of LiPO3 glass, the average BV sum V(Li) of Li atoms in the 
MD models (V(Li) = 0.83 ± 0.12 v.u.) was found to be lower than that of the 
RMC models (V(Li) = 0.93 ± 0.15 v.u.). His research clearly indicated that the 
analysis of energy landscape for mobile ions in terms of the BV approach can 
provide an effective tool to promote a better understanding of ion transport in 
glasses. More detail about this approach will be presented in Chapter 2 – 




1.4.2.3. Halide salt-doped lithium phosphate glasses 
From the structural point of view, it is well established that the addition of 
metal halide salts into the binary oxide glasses has little effect on the 
connectivity of the parent glasses. Generally, introduced dopant ions dissolve 
into the glass structure and occupy its interstices without significantly 
modifying the glass network [185, 205 – 208]. 
The glass forming region in the ternary glass system LiPO3 – LiX [X = I, 
Br, Cl] has been reported along with their ionic conductivity (σ) by Malugani 
et al. [82]. Glasses form up to 30 mol% of LiCl and 33 mol % of LiBr and LiI. 
σ increases with halogen ion size (and polarisability) and with increasing LiX 
content throughout the glass forming region. Another study conducted by 
Doreau et al. [209] in Li2O – P2O5 – LiCl system reports glass forming region 
up to nearly 30 mol % of LiCl for R (R = Li2O/P2O5) varying between 0.67 to 
1.38 and up to 35 mol % for R value of 0.25. For all values of R studied, the 
glass transition temperature Tg decreases and σ increases as LiCl content 
increases. Conclusions from Raman spectroscopy studies of 0.30LiCl – 
0.70(0.58Li2O – 0.42P2O5) glass in the same study indicate that the addition of 
Li2O breaks up P – O – P bridges, creating non-bridging oxygens (NBOs) 
which reduce the lengths of chains formed by P – O – P bridges, while the 
addition of LiCl does not bring about any such modification of chain lengths 
in the glass network, though it reduces the Tg of the parent glass. X-ray 
diffraction study and MD simulation of 0.52Li2O – 0.48P2O5, 0.45Li2O – 
0.42P2O5 – 0 .13LiCl and 0.39Li2O – 0.36P2O5 – 0.25LiCl glasses [185, 210] 
reports that the addition of Li2O to P2O5 breaks up the 3-dimensional branched 
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structure creating more non-bridging oxygens, and the addition of LiCl makes 
the structure less rigid and creates wider channels for Li
+
 movement, thus 
enhancing σ and decreasing Tg. Further structural reports for Li2O – P2O5 – 
LiCl glass [99, 178] confirm that no P – Cl bonds are formed and that LiCl 
dissolves interstitially in LiPO3 glass network. In line with these findings, 
none of the six known complex oxyhalide crystal structures that contain P
5+
 
shows a bond between phosphorous and the halide ion. In Li4X(BePO4)3 with 
X = Cl or Br the halide ion is bonded exclusively to Li. In LiF-metal 
phosphates the second metal (e.g., Al, Ni, V) forms bonds with the F
-
 ions, but 
phosphorous is again coordinated by oxygen only. In all these structures Li
+
 
ions have mixed oxyhalide coordination. However, IR and XPS studies of 
x(2LiCl)y(Li2O)(100 – x – y)P2O5 glasses (where x = 0, 10, 20,  y = 50, 60) by 
Horiuchi et al. [211] suggest that the more open structure of the halide doped 
glasses is achieved by Cl
-
 ions, which alter the P – O – P glass network. 
While Raman, IR spectroscopy and reverse Monte Carlo fits of diffraction 
data accordingly find that LiCl acts as a dopant only in lithium borate glasses 
[212, 213], the addition of LiCl in Li2O – TeO2 – LiCl glasses [214, 215] is 
reported to produce NBOs leading to the formation of Te – Cl bonds in the 
equatorial position of the trigonal bipyramid TeO4 unit. A comparative study 
of LiBr-doped lithium tellurite glasses, Li2O – TeO2 – LiBr, with LiCl-doped 
glasses reported that the ionic conductivity (σdc) and thermal expansion values 
are lower, and Tg values are higher for LiBr-doped glasses than for LiCl-doped 
glasses. These phenomena are attributed to the strength of the Te – Oax bond 
(ax denotes an axial position) and the amount of (TeO3)
2-
 trigonal pyramids; 





, is smaller in the LiBr-doped glasses than in the LiCl-
doped glasses [216]. Another 
11
B NMR and impedance spectroscopy study of 
Li2X – B2O3 – SiO2 (X = O, Cl2) [217] reveals that Cl
-
 ion doping acts via 
modifying the B – O bond strengths and that the network dilatation brought 
about by the addition of Cl
-
 ion would be of influence for Li
+
 ion conductivity. 
A recent study in detail addressed the hypothesis of LiCl aggregates in the 
LiCl – Li2O – P2O5 glasses by 
7
Li MAS NMR [218]. Ogiwara et al. [218] 
found that no signs of LiCl aggregates can be observed for x < 0.5 in the case 
of (LiCl)x(Li1.4PO3.2)1-x or for x < 0.3 in the case of (LiCl)x(Li1.67PO3.33)1-x. 
Instead it is concluded that all Li
+
 ions in the glass matrix are interacting with 
both phosphate anions and Cl
-
 ions in this lower LiCl composition range. 
These authors indicated that amorphous LiCl aggregates only exist for high 
LiCl contents close to the limit of the glass forming region, and that these 
aggregates lead to the high mobility of Li
+
 ions. They also suggested that the 
formation of amorphous metal-halide aggregate regions is a structural feature 
that is common for metal-halide-based fast ion conducting glasses only in the 
case of high metal-halide contents. 
A large number of reports are available on theoretical models to explain 
the ionic conduction mechanism in disordered solid electrolytes [103, 219 – 
223]. These reports emphasize the role of the shape and dynamic properties of 
the energy landscape predetermined by the local structure and composition of 
the glass. The commonly used models explain the conductivity from either 
microscopic hopping or macroscopic continuum models [220]. Hopping 
models are simple in approach and have been successfully adopted for a wide 
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range of electron conducting, semi-conducting and fast ion conducting 
systems. Especially, the random barrier model by Dyre et al. [220] is found to 
explain ionic conduction characteristics as a hopping process in an energy 
landscape with a random distribution of energy barrier heights. 
1.4.3. Alkali borophosphate glasses 
The properties of glasses can be modified by mixing more than one glass 
former to form competitive network, which is called “mixed glass former” or 
“mixed anion effect” [74, 78, 79, 224, 225]. Unlike the mixed alkali effect, 
which shows a pronounced minimum of ionic conductivity, the mixed glass 
former effect generally enhances the ionic conductivity and show high 
chemical durability when compared to individual glass former.  
Alkali borophosphate glasses are of interest as model substances for the 
studies of mixed glass former effect. Borophosphate glasses have found many 
applications as fast ion conductors in solid state electrochemical devices 
(alkali and silver borophosphates) [102, 225 – 227], as low melting glass 
solders or glass seals (zinc borophosphates) [228], and applications in non-
linear optical devices (niobium and calcium borophosphates) [229]. 
The structural properties of borophosphate glasses are distinct from those 
of either pure phosphate or borate glasses. The structure of pure v-P2O5 
glasses consists of PO4 tetrahedra linked via covalent bridging oxygens         
(P – O – P), while the structure of pure B2O3 glasses consists of  boroxol rings 
and BO3 triangles connected through B – O – B linkages [127]. The addition 
of a network modifier (e.g. Li2O, Na2O, K2O etc.) to phosphate and borate 
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glasses results in opposite effects. In the phosphate glasses, the introduction of 
network modifier leads to the depolymerisation by breaking up the P – O – P 
bridges, creating non-bridging oxygens. On the contrary, in the borate glasses 
the addition of modifier increases the degree of polymerisation, in which the 
boron coordination converts from 3- to 4-fold and the basic units alter from 
trigonal BO3 to tetrahedral BO4 [230 – 233]. Therefore, in borophosphate 
glassy systems, the network structure is likely to be built by interconnection 
between phosphate and borate networks, which is formed by a combination of 
P and B coordination polyhedra. 
Structural studies of borophosphate glasses have been reported using X-
ray diffraction (XRD) and spectroscopic techniques. XRD confirms the glassy 
nature of the system 42.5Li2O – xB2O3 – (57.5 – x)P2O5 up to x = 57.5 mol% 
[78]. The glass forming region in the series of 0.50Li2O – xB2O3 – (0.50 – 
x)P2O5 is limited to 0 ≤ x ≤ 0.20 [79]. Generally, glass forming regions of 
lithium borophosphate systems could be depicted as in Figure 1.6, as reported 
by Magistris et al. [225]. Crystalline Li3PO4 peaks were often identified in the   
Li2O-rich compositions (the upper region of Figure 1.6) by XRD, whereas the 
formation of crystalline BPO4 peaks occurs in the lower region of Figure 1.6. 
The remaining areas (shaded regions) in Figure 1.6 were located to be the 




Figure 1.6. Glass formation regions of the Li2O – P2O5 – B2O3 system. Shaded 
areas indicate the glass forming regions. Modified from Ref. [225]. 
X-ray photoelectron spectroscopy (XPS) has provided a quantitative 
measure of oxygen bonding in phosphate, borate glasses, as well as 
borophosphate glasses [171, 174, 175, 229, 234 – 236]. In the phosphate and 
borate glasses, contributions from bridging (BO) and non-bridging (NBO) 
oxygens to the O1s spectra can be clearly separated and their relative 
intensities depend on composition, namely, the modifier-to-former ratio. The 
high and low binding energy peaks around 533.2eV and 531.5eV are assigned 
to bridging oxygen (P – O – P bonds) and non-bridging oxygen (P – O- and    
P = O bonds) respectively in the phosphate glasses [171, 174, 234, 235]. In the 
zinc [175], calcium and sodium [229] borophosphate glasses, the third 
intermediate O1s component, assigned to P – O – B sites, is consistent with 
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the intermediate ionicity of this oxygen bonding, when compared to P – O – P 
and P – O- bonds. By deconvoluting the XPS spectra of (1 – y)Zn(PO3)2 – 
yB2O3 glasses, Brow et al. [175] quantitatively found that proportions of         
P – O – P and P – O- bonds decrease, and the concentration of P – O – B 




P NMR spectra revealed that borophosphate glasses contain 




 type) PO4 units, and form a substantial fraction of 
P – O – B  linkages [80, 228, 237 – 240]. Thus their structure consists of a 
borophosphate network or a phosphate/borate network (when one of the glass 
formers is dominant). 
11
B NMR studies of zinc [228], potassium [237], sodium 
[239], and lithium [80, 240] borophoshate glasses confirmed that in the 
phosphate-rich region boron atoms prefer a tetrahedral coordination (BO4 
units), and trigonal borons (BO3 units) become increasingly important in the 
structural network of borate-rich region. In the glassy systems 0.45Li2O – 
(0.55 – x)P2O5 – xB2O3 (0 ≤ x ≤ 0.30), Feng et al. [240] revealed that N4, i.e. 
the fraction of BO4 units, increases from 0.7 (x = 0.05) to a maximum of 0.86 
(x = 0.15) and remains ≥ 0.55 up to the maximum value of x (x = 0.3). 
Similarly, 
11
B MAS NMR studies [80] on 0.50Li2O – (0.50 – x)P2O5 – xB2O3 
glasses indicated that BO4 units are predominant (N4 ≈ 100%) up to x = 0.15, 
then N4 progressively decreases and the fraction of BO3 units increases with 
further B2O3 addition. 
31
P MAS NMR spectra in this glassy system further 
showed that the increase of B2O3 content leads to the increase of Q1 phosphate 
units as well as P – O – B linkages, and the decrease of Q2 phosphate units. In 
addition, 
7
Li MAS NMR confirmed that Li atoms remain four-coordinated 




Infrared spectroscopy has also been used to study the structure of 
borophosphate glasses [102, 241]. FT-IR spectra again revealed the presence 
of P – O – B linkages. In the glassy systems xLi2O – (1 – x)[0.50B2O3 – 
0.50P2O5] and xAg2O – ( 1 – x)[0.50B2O3 – 0.50P2O5], the intensities of  
[BO3]
2-
, P = O vibrations, B – O – B stretching modes increase  and the 
intensity of P – O – B stretching modes gradually decreases with the increase 
of network modifiers (Li2O or Ag2O) [102]. Symmetrical stretching vibrations 
in both PO4 and BO4 groups, as well as the bending modes of PO4 and P – O – 
B were observed in the regions of 1045 cm
-1
 and 450 – 600 cm-1, respectively.  
Raman studies showed that the O – P – O stretching modes near 1170   
cm
-1
 decrease and shift to lower frequencies as boron oxide replaces 
phosphorous oxide [79, 242 – 244]. With the addition of B2O3 the strong peak 
of P – O – P stretching vibrations near 700 cm-1 in pure phosphate glasses 
decreases rapidly and forms two new peaks at 660 – 640 cm-1, which can be 
assigned to P – O – B bonds in different groups containing boron and 
phosphorous, and 720 cm
-1
, which are the symmetric stretching vibrations of  
P – O – P [242, 244]. The formation of BPO4, (P2O7)
4-
, (B – O – P)- units 
around 1116 cm
-1
 and 1040 cm
-1
 was also observed [79, 243]. In lithium 
borophosphate glasses with the ratio of ([B + P]/[Li]) > 1, Scagliotti et al. 
[242, 245] suggested that the band around 1000 – 1100 cm-1 can be assigned to 
O – P – O vibrations of Q2 phosphate units with either one or two oxygens 
bridging towards borons. The presence of BPO4 units in borophosphate 
glasses, however, has not been universally supported. Ducel et al. [239, 241] 
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B NMR spectra of NaPO3 – Na2B4O7 glasses. In the lithium and silver 
borophosphate glasses, Raman spectra showed the presence of BPO4 units, 
whereas no definitive evidence was seen in 
31
P NMR spectra; thus 
borophosphate glasses may consist of P – O – B linkages, but not the BPO4 
units [80, 242, 245]. 
Despite the controversy, the appearance of BPO4 units was suggested to 
lead to high chemical stability, comparatively high glass transition temperature 
(Tg) and high ionic conductivity (dc) in lithium borophosphate glasses       
[79, 225, 227, 246]. The addition of B2O3 increases Tg and hence the glass 
structure becomes more rigid [79, 102, 225, 244, 246]. Tg increases about   
100 – 2000C by the replacement of phosphorous with boron, and reaches 
either a plateau or maximum value near Y = 0.5 [225]. The increase of Tg is 
attributed to the increased cross-linking and connectivity of structural network 
through P – O – B linkages [80, 244]. 
An enhancement of dc in lithium borophosphate glasses has been 
reported via the mixed glass former effect, when compared to the 
corresponding binary phosphate and borate glasses. Magistris et al. [225] 
found that a maximum of ionic conductivity takes place near   Y = 0.5 (where 
Y = [B] / [B + P]), provided that these borophosphate compositions belong to 
the glass forming region. Salodkar et al. [78] also reported that there is an 
increase in the ionic conductivity with the B2O3 addition in the 42.5Li2O – 
(57.5 – x)P2O5 – xB2O3 glassy system. They observed two maxima of the 
ionic conductivity at Y = 0.3 and 0.7, which correspond to two minima of 
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activation energy (Ea) in these glasses, and explain this behaviour by using the 
thermodynamic approach. In the series of 0.30Li2O – xB2O3 – (0.70 – x)P2O5 
and 0.40Li2O – xB2O3 – (0.60 – x)P2O5 [246], one maximum in dc has been 
observed and attributed to the formation of BPO4 units as evident from Raman 
spectra. The increase in dc and the decrease in activation energy (Ea) up to 
glass forming limit x = 0.20 in the system 0.50Li2O – xB2O3 – (0.50 – x)P2O5 
was also explained by the presence of BPO4 units [79]. However, this 
explanation has recently been questioned by Munoz et al. [80], who 
emphasized the role of the predominant formation of BO4 rather than BO3 
units for the conductivity enhancement, and assumed that the decrease of the 
Li – Li average distance further promotes Li+ ion mobility. 
1.5. Ion conduction mechanisms in glasses 
Ion conduction in glasses has been studied in great detail for the last 
several decades. Various theoretical models were used to explain the 
mechanisms of ion conduction in these materials. However, no single 
unanimously accepted theoretical model exists to date that can explain 
completely the ion conduction mechanisms in glasses. Some of models are 
briefly discussed here. 
1.5.1. The Anderson-Stuart model (A-S model) 
In the A-S model [247], the activation energy for conduction is divided 
into two parts: the electrostatic binding energy of the original site (EB) and the 
strain energy (Es). EB describes the Coulombic forces acting on the ion as it 
46 
 
moves away from its charge-compensating site, and Es describes the 
mechanical forces acting on the ion as it dilates sufficiently the structure to 
allow the ion to move between the sites. The basic idea is that an ion makes a 
simple jump from one site to another, and passes through a “doorway” which 
opens as it passes through, where cation sites require only the presence of the 
non-bridging oxygens. The A-S model can be expressed as:            




    
 
    
 
    
 
   
             
  (1.29) 
where   and  D are the radius of cation and the doorway respectively,   is the 
jump distance,  is a covalency parameter arbitrarily taken equal to the relative 
permittivity r, M is the Madelung constant which depends on the spatial 
arrangement of the  ions. z0 and  0 are the charge and radius of the O
2-
 ion, z is 
the charge of the cation and G is the elastic modulus. The covalency parameter 
() was seen by Anderson and Stuart as expressing the “deformability of 
electron clouds on the oxygen atoms”. The doorway radius  D can be 
estimated from diffusion data for noble gases such as He, Ne, Ar, since they 
are uncharged. A simplified version can be derived as the limiting value for     
   ∞:                                
   
  
 
    
 
      
            
  (1.30) 
1.5.2. The weak electrolyte model 
The weak electrolyte model can be applied to liquids or glasses for which 
the concentration of mobile ions (c) is less than the actual stoichiometric 
concentration. In this model, the ionic conductivity is expressed as in Equation 
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(1.15). The weak electrolyte model regards the solvent as a dielectric 
continuum. Based on this model, conductivity study of Na2O – SiO2 glasses 
[248, 249], where network former SiO2 and the network modifier Na2O are 
considered as the solvent and the solute respectively, found a correlation 
between ionic conductivity and thermodynamic activity of Na2O (or Na
+
) and 
explained the result by postulating the existence of an equilibrium:                            
       
       (1.31) 
              (1.32) 
in the glass. According to the weak electrolyte theory, the obvious way to 
improve the conductivity would be to increase the dissociation constant for the 
equilibrium in Equation (1.31). This can be done by choosing a glass network 
with highly polarisable atoms, which would give a high value of the dielectric 
constant, r. 
1.5.3. The cluster bypass model 
The basis of the cluster bypass model [250] is the assumption that the 
liquid phase remains in small regions even far below the glass transition 
region. These regions of the liquid phase, which decrease in size with 
decreasing temperature, are situated between clusters of the glassy state. It is 
supposed that the liquid state forms an interconnected network of pathways, 
where the cation can diffuse by a percolation process. The decrease in 
conductivity with decreasing temperature is explained by a decreasing number 
of favorable pathways as the residual liquid phase progressively solidifies. An 
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advantage of the cluster bypass model is that it may provide a relatively 
straightforward explanation of the mixed mobile ion effect. The foreign 
cations are believed to be concentrated in the regions of the liquid phase and 
there “block” the most favorable pathways. The mobile host cations have to 
find less favorable pathways involving migration through the glass clusters. 
This would also explain why the activation energy increases when different 
cations are mixed. 
1.5.4. The random site model 
This model [251] proposes that the network modifier or dopant salt is 
homogenously dispersed in the glass and that its role for the enhanced ion 
conduction is to lower the average potential barriers within the glass. The 
cations are assumed to experience a Gaussian distribution of activation 
energies due to the randomness of the glass network. The average mobility 
then varies with the distribution of activation energies and thereby with the 
glass composition. All the cations are assumed to be potential charge carriers, 
which mean that it is mainly the mobility of the cations which increases with 
increasing modifier or dopant salt concentration. Thus, this model is different 
from the weak electrolyte model, where it is proposed that only a fraction of 




1.5.5. The diffusion pathway model 
The diffusion pathway model [128, 252] was built on the assumption that 
the metal halide salt is introduced into the amorphous network in small 
clusters or micro domains, which form connected pathways for the ions to 
diffuse through the glass. These pathways were assumed to be built up by the 
halide ions and to be characterized by low energy barriers. While the basic 
assumption of micro-domain formation cannot be held up, the model remains 
relevant for network glasses with structures described by the modified 
continuous random network (CRN) model [128]. This includes metal oxide 
modified network glasses, where the percolation pathways are formed by 
inter-network channels of network modifiers and the non-bridging oxygens 
(NBOs) therein serve a corresponding purpose as the halide ions do for the 
doped glasses. Thus, the diffusion pathway model shows some similarities 
with the cluster bypass model, except that the interconnected regions are made 
up of the dopant salt or the network modifiers, instead of residual liquid in the 
cluster bypass model. 
In this work, the Bond Valence approach, which is developed by our group, 
will be applied to shed new light on the ion conduction mechanisms in glasses. 
Details about this approach will be discussed in Chapter 2, Section 2.4.3 




1.6. Motivation and Objectives 
In the view of the above review, most of the previous studies focus on 
understanding the structure and properties of the lithium based glasses from 
both experimental and simulation techniques. Although the computer-based 
simulations (e.g., ab initio, reverse Monte Carlo, empirical Molecular 
Dynamics) have been extensively used to correlate the structure and properties 
of glasses, the knowledge of composition-structure-property relationships 
which require a detailed understanding of the underlying mechanisms, e.g. the 
ion conduction mechanisms in glassy solid electrolytes, has yet to be 
understood thoroughly. There is still no unanimously accepted model that can 
explain some of the most interesting universal phenomena associated with ion 
conduction in glasses. In other words, the realization of the underlying 
mechanisms of ion dynamics in glassy solid electrolytes is still far from 
complete. Hence, understanding of the ion conduction mechanisms in glasses 
is one of the key features for the development of solid electrolytes and 
electrode materials for device applications, e.g. rechargeable batteries. 
The overall objective of this thesis was therefore to achieve a detailed 
insight into ion conduction mechanisms in glassy solid electrolytes and exploit 
this knowledge to optimize the material properties. The followings are the 
specific aims of this project: 
 Characterize structures and physical properties (e.g., glass 




 Simulate and visualize structures and ion transport pathways of the 
investigated glasses using both Molecular Dynamics simulations 
(with optimized potentials) and Bond Valence analysis. 
 Reveal and analyze the features of lithium ion transport pathways 
(e.g., volume fraction, local dimensionality of percolating 
pathways). 
 Clarify the influence of network modifier (in case of silicate 
glasses) and halide dopant concentration (for halide-doped 
phosphate glasses), as well as of mixed glass former effect (in case 




 Explore ion dynamics of glasses (e.g., transport mechanism and 
relaxation behaviour). 
To achieve these goals the following strategy has been adopted: The 
composition – structure – conductivity correlations in lithium silicate xLi2O – 
(1 – x)SiO2, halide-doped phosphate (1 – y)(0.60Li2O – 0.40P2O5) – yLiX    
(X = Cl, Br), and borophosphate 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses 
were investigated using impedance spectroscopy as well as the combination of 
Molecular Dynamics (MD) simulation (with optimized potentials) and Bond 
Valence (BV) analysis. MD simulation aims to reproduce the experimentally 
observed properties (e.g., bond length, coordination number, ionic 
conductivity, etc.) and is one of the useful tools to appreciate the microscopic 
origin of the dynamics. In addition, BV analysis so far proved its helpfulness 
in predicting and quantifying the ion transport pathways, especially when it 
was applied to the low conductivity glasses, where the mobility of ions is too 
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small to be observed directly in room temperature MD simulation trajectories 
[195, 201 – 203, 253 – 256]. Furthermore, in case of the silicate and phosphate 
glasses, results of ion transport pathways from MD-simulated trajectories were 
compared to those from local structure models derived from experimental 
diffraction data by reverse Monte Carlo (RMC) modelling for related glassy 
solid electrolytes. 
Besides, structural properties of halide-doped phosphate and 
borophopshate glasses were characterized by X-ray powder Diffractometry 
(XRD), SEM with Energy Dispersive X-ray Detection (EDX), as well as     
FT-IR, Raman and XPS spectroscopy (for borophosphate glasses). Glass 
transition temperatures of these glasses were determined by Differential 
Scanning Calorimetry (DSC). In case of borophosphate glasses, structural 
analyses from BV approach along with the deconvolution of Raman and XPS 
spectra were used to clarify the influence of mixed glass former effect on glass 
structure and ionic conductivity. Finally, in order to further understand ion 
transport mechanism and relaxation behaviour, ion dynamics in the                
(1 – y)(0.60Li2O – 0.40P2O5) – yLiX and 0.45Li2O – (0.55 – x)P2O5 – xB2O3 
glassy systems is also explored using frequency dependent impedance 
spectroscopy. 
The results obtained from this thesis are expected to promote a better 
understanding of ion transport in glassy solid electrolytes, and help to develop 
a systematic strategy for the design of highly ion-conducting glassy solid 
electrolytes that are suitable for application in electrochemical devices, 
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This chapter will deal with the techniques utilized in this project to 
achieve the proposed objectives, which include both experimental and 
simulation techniques. The computer simulations, which include Molecular 
Dynamics (MD) simulation and Bond Valence (BV) approach, were conducted 
for all lithium silicate, halide-doped phosphate, and borophosphate glasses to 
visualize and analyze structure as well as ion conduction pathways in these 
glassy materials. Experimental synthesis and analysis were carried out for the 
halide-doped phosphate and borophosphate glasses. Density of these two 
glassy systems was determined by Archimedes‟ principle or Pycnometry.      
X-ray powder Diffractometry (XRD) was employed to confirm the glassy 
nature of prepared samples, while Differential Scanning Calorimetry (DSC) 
was used to reveal glass transition temperature (Tg). Scanning Electron 
Microscopy (SEM) with the aid of Energy Dispersive X-ray analysis (EDX) 
was exploited to find the exact composition of glassy samples after synthesis. 
Ionic conductivity of both halide-doped phosphate and borophosphate glasses 
was measured by Impedance Spectroscopy. In addition, Fourier Transformed 
Infrared (FT-IR), Raman and X-ray Photoelectron Spectroscopy (XPS) were 




2.2. Glass synthesis 
2.2.1. Lithium halide-doped phosphate glasses 
Ternary glasses yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses (where X = 
Cl, Br; y = 0, 0.10, 0.15, 0.20, 0.25) were prepared by conventional melt 
quenching. The starting raw materials used were ammonium dihydrogen 
phosphate (NH4H2PO4), lithium carbonate (Li2CO3), and lithium halide salts 
(LiCl or LiBr). Appropriate amounts of NH4H2PO4 and Li2CO3 were mixed, 
ground and kept in a platinum crucible at 300 
0
C for 1 hour to remove NH3 
and H2O, and then heated up to 600 
0
C for 1 hour to remove CO2 from the 
mixture. The mixture was subsequently melted at 800 
0
C for 30 minutes and 
stirred to homogenize the melt. After that, an appropriate amount of LiX was 
slowly added to the mixture inside the crucible at 800 
0
C, while stirring the 
melt. The melt was still kept at 800 
0
C for 5 minutes before quenching 
between two copper plates. To prevent the melt from crystallization, a fast 
quenching rate from a medium temperature range (800  200 0C) was very 
important. Furthermore, preheating the copper plates at 200 
0
C was helpful in 
avoiding shattering of the glassy samples during quenching. Both phosphate 
glasses and in particular the glasses with higher halide X content are 
hygroscopic, and thus have to be stored in a desiccator with silica. It was 
noticed that LiX partially evaporates during preparation and the amount of 
halide X present in the glass therefore had to be evaluated by Scanning 
Electron Microscopy (SEM) with the aid of Energy Dispersive X-ray (EDX) 
analysis, which will be mentioned later in this Chapter. 
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2.2.2. Lithium borophosphate glasses 
Similar to halide-doped phosphate glasses, ternary borophosphate glasses 
0.45Li2O – (0.55 – x)P2O5 – xB2O3 (where 0 ≤ x ≤ 0.55) were also synthesized 
by conventional melt quenching method  using NH4H2PO4, Li2CO3 and boron 
oxide (B2O3) as starting materials. These analytical grade raw materials were 
thoroughly mixed, ground and heated in platinum crucibles at 600 
0
C for         
1 hour to remove all the volatile products (NH3, H2O from NH4H2PO4; CO2 
from Li2CO3). The mixture is then melted in the temperature range from     
900 – 1100 0C for 30 minutes depending on composition (the melting 
temperature rises with the increase of B2O3 content). The homogenous melt 
was poured and quenched between two preheated (at 200 
0
C) copper plates to 
obtain glass samples with thickness ranging from 1 to 2 mm. 
2.3. Experimental techniques 
2.3.1. X-ray powder diffractometry 
X-ray powder diffraction is a popular tool to obtain the information of 
atomic structure from solids such as space group, lattice constant, atomic 
positions, etc., of crystals. In a crystal, since the inter-planar spacing is 
generally of the order of several angstroms (Å), the atomic planes can diffract 
electromagnetic waves, like X-rays, whose wavelength is comparable to the 
inter-planar spacing. A monochromatic X-ray beam will be diffracted if the 
Bragg condition is satisfied:                                                      
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           (2.1) 
where nO is an integer that provides the order of diffraction,   is the X-ray 
wavelength, d is the inter-planar spacing, and  is the glancing angle between 
the incident beam and the scattering atomic planes. In practice, the diffraction 
angle is commonly specified as 2 rather than . 
It is well known that in the amorphous materials there is no long-range 
periodic structure, and thus Bragg‟s law is inappropriate. Therefore, unlike the 
crystals, the amorphous materials do not produce an X-ray or electron 
diffraction patterns with sharp Bragg peaks. Instead, characteristic diffuse 
haloes are observed. In the present study, the glassy nature of bulk glasses 
were characterized by X-ray powder diffractometry (XRD) using Cu K 
radiation (PANalytical X‟Pert PRO, equipped with a fast linear X‟Celerator 
detector, which can collect 100 steps at the same time). XRD data were 
collected in the 2 range 10 – 800 with a nominal scan rate of 70s.step-1 and a 
step size of 0.05
0
 at room temperature. It is expected that only haloes and no 
sharp Bragg peaks are observed for the glasses. 
2.3.2. Density measurement 
Density of bulk glasses was measured using the Archimedes‟ principle 
with either density determination kit Mettler ME-3360 or a Pycnometer 




For Mettler ME-3360, a liquid, such as toluene, with a known density 0 
was used as an immersing medium. The bulk glass was first weighed in air, 
then immersed into the toluene medium and weighed again. From these two 
weighings, the density of glass is calculated as: 
  
  
     
    (2.2) 
where    is the weight of the bulk glass in air,    is its weight when 
immersed in toluene, and 0 is the density of toluene at a given temperature T 
(0 = 0.8669 g/ml at 20 
0
C). 
In the AccuPyc 1330 Pycnometer, the amount of immersion fluid (helium 
gas) displaced by the sample (solid phase) was measured. The Pycnometer 
measures the sample volume by measuring the pressure change of helium and 
therefrom determines the density (incorporating the sample weight from 
external measurement). For each sample, the density value has been 
determined by taking the average of 10 volume measurements. 
2.3.3. Scanning Electron Microscopy 
Scanning electron microscopy (SEM) is a widely used technique in 
materials research. SEM uses a high-energy beam of incident (or primary) 
electrons for scanning the specimen surface to create 3-dimensional images 
(micrographs). The primary electrons are normally accelerated through a 
potential of 10 – 200 keV. When the primary electrons hit the specimen 
surface, their interaction with the specimen can be both elastic and inelastic. 
Back-scattered electrons (BSE) are the high-energy electrons (EBSE > 50 eV) 
generated from an elastic interaction between the primary electrons and nuclei 
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of specimen atoms. Secondary electrons (SE) are lower-energy electrons (ESE 
≤ 50 eV) produced by an inelastic interaction between the primary electrons 
and electrons of specimen atoms. These SE electrons are actually the valence 
electrons bombarded out of specimen atoms by the high-energy primary 
electron beam. In SEM, micrographs are often created from SE mode. 
In addition to SE and BSE electrons, X-rays are also emitted when the 
primary electron beam strikes the specimen surface. Since X-ray energy is 
characteristic of the element from which X-rays were produced, they are 
effectively utilized in the Energy Dispersive X-ray spectroscopy (EDX) for 
elemental analysis. In principle, EDX is equipped with X-ray detector to 
detect characteristic X-rays emitted from the specimen. Depending on the type 
of window situated in front of the EDX detector, EDX can identify elements 
with atomic number Z ≥ 11 (for Be window) or Z ≥ 4 (for windowless detector 
or ultra-thin window).  
In the present work, SEM (Philips XL-30 FE-SEM) equipped with EDX 
(EDAX XL-30, ultra-thin window) was employed to analyze the experimental 
composition of glassy samples after synthesis. In practice, the EDAX XL-30 
model can detect the elements with Z ≥ 5, i.e. from boron (B) onwards. 
2.3.4. Differential Scanning Calorimetry 
Thermal analysis in a material is conducted by observing changes in its 
physical and chemical properties as a function of temperature and time. 
Differential Scanning Calorimetry (DSC) is a common technique for 
determination of melting point of crystals, glass transition (Tg) and 
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crystallization temperatures of glasses. In principle, DSC measures the 
difference in the amount of heat energy (enthalpy) required to keep both 
sample (encapsulated inside an aluminum (or copper) pan) and the reference 
material (an empty aluminum (or copper) pan) at the same temperature, when 
both the sample and the reference are heated at a controlled (usually linear) 
rate. The calorimetric measurement is always carried out in an inert gas 
atmosphere, e.g. nitrogen (N2).  
Figure 2.1 shows a typical DSC curve for a glass on heating process. The 
first feature appearing in this curve is the glass transition temperature (Tg). The 
discontinuous change in the specific heat of the glassy sample, which happens 
when the glass converts from a solid to a liquid in the glass transformation 
region, is the indicative of Tg. In practice, Tg value of glass is determined by 
the intersection of the two tangents at the start of DSC endotherm, as shown in 
Figure 2.2. The second feature in the DSC curve (cf. Figure 2.1) is the 
exothermic peak due to crystallization of the glass, which involves the 
evolution of energy [1]. The third feature at the highest temperature in the 
DSC curve (cf. Figure 2.1) is the endothermic peak due to melting (the process 
is accompanied by the absorption of energy) of the crystals (formed during 
heating of glass). 
In the present study, the glass transition temperature (Tg) of the 
investigated glasses was obtained by using DSC (TA Instruments 2920 
Modulated DSC) at a heating rate of 10 K.min
−1
 in the temperature range of 




Figure 2.1. DSC curve exhibiting a change in specific heat at the glass 
transformation, an exothermic peak due to crystallization of the glass, and an 
endotherm due to melting of the crystals formed at the exotherm. Reproduced 
from Ref. [1]. 
 
 
Figure 2.2. An example of the determination of Tg from a DSC curve. 




2.3.5. Fourier Transform – Infrared Spectroscopy 
Fourier Transform – Infrared spectroscopy (FT-IR) is a preferred 
technique of infrared (IR) spectroscopy to identify the molecular compounds 
and local structures of materials. When an infrared light beam passes through a 
sample, some of the IR is absorbed by the sample while the other is passed 
through (transmitted). The IR wavelengths absorbed by the sample are 
characteristic of its molecular structure. The IR spectra can be presented in 
either transmission or reflection mode. The molecular vibrations appear as 
dips in the transmission spectra, and as peaks in the absorption and reflection 
spectra.  
FT-IR employs an interferometer to encode all the wavelengths from the 
IR source. A detector is used to measure the intensity of transmitted or 
reflected light at each wavelength. The resulting signal from the detector is 
then analyzed with computer using the Fourier transformation to achieve the 
final FT-IR spectrum for study. The FT-IR spectra are normally portrayed as 
the percentage of light transmittance or absorbance versus wave number (in 
cm
-1
), which is the reciprocal of wavelength.  
In this work, FT-IR spectrometer (Varian Excalibur HE 3100 FTIR) in the 
wave number range of 400 – 4000 cm-1 (with the resolution of 4 cm-1) at room 
temperature was utilized to investigate the structure of lithium borophosphate 
glasses. Dry potassium bromide (KBr) powder (with a quantity of 0.1 – 0.15 
g) and a very small amount of glassy powder were mixed, grinded and then 
compressed to form thin pellets for measurements. 
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2.3.6. Raman Spectroscopy 
Together with FT-IR spectroscopy, Raman spectroscopy is an 
indispensible tool for obtaining information about molecular structure of 
materials. Raman spectroscopy is a light scattering technique, where the 
energy of incoming photon is altered by an inelastic interaction between the 
photon and sample molecule. The scattered photon may have lower (Stokes – 
Raman scattering) or higher (anti-Stoke – Raman scattering) energy than that 
of the incident photon. The continuous-wave monochromatic lasers in the 
visible region such as Argon (  = 351.1 – 514.5 nm), Krypton (  = 337.4 – 
676.4 nm), Helium-Neon (  = 632.8 nm) are widely employed as an excitation 
source in Raman spectrometers. The basic components of Raman spectrometer 
are excitation source, sample illumination and light collection system, 
wavelength selector, detector, and computer processing system. 
A typical Raman spectrum is plotted as intensity of the scattered light 
versus the energy difference between the incoming light and the scattered 
light. In Raman spectrum, the energy is usually presented as wave number (in 
cm
-1
), and each energy peak represents a Raman shift from the incident photon 
energy.  
In the present investigation, Raman spectrometer (Jobin Yvon Horiba 
MicroRaman HR800) using Argon ion green laser (  = 514 nm) was used to 
characterize the structure of lithium borophosphate glasses. Data were 
collected at 4.16 cm
-1
 spectral resolution and an integration time of 30s. After 
that, Raman spectra were deconvoluted using the software PeakFit (version 4) 
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to clarify the influence of mixed glass former effect on the structure change. 
2.3.7. X-ray Photoelectron Spectroscopy 
X-ray photoelectron spectroscopy (XPS) is an analytical technique, which 
is sensitive to near-surface volume and widely applied for chemical 
characterization of solid materials. When a sample is irradiated with a 
monochromatic X-ray source under ultra-high vacuum environment, the 
absorption of the incident photons causes the emission of core-level electrons 
from atoms in the sample. The emitted core-level electrons have a kinetic 
energy (EK) given by:                                               
           (2.3) 
where h  is the energy of incident photon, EB is the binding energy of core 
electron in the atom, and  is the work function defined as the potential 
difference between the Fermi level of material and the vacuum level. 
In addition to the ejected core electron, Auger electron or characteristic  
X-ray is also emitted when an outer electron fills the vacancy left by the core 
electron. Both emitted core electron and Auger electron can be analyzed in the 
XPS. The present work mainly deals with the photoemissions from the core 
electrons (or photoelectrons). 
A typical XPS spectrum is presented as the intensity (which is the number 
of emitted photoelectrons, in counts per second) versus their binding energy 
(in eV). In the spectrum, the EB value of each peak is characteristic of one 
specific element present in the material, while the area under each peak is 
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indicative of relative amount of the element. The chemical states of the 
element (e.g. bridging and non-bridging in case of oxygen, etc.) is recognized 
by shape and position of the peak. 
In the present study, X-ray photoelectron spectrometer (A Kratos Axis 
Ultra DLD XPS) using Al K monochromatic X-ray source of 1486.69eV 
with the vacuum of 10
-10
 mbar was utilized to investigate the structure of 
lithium borophosphate glasses. Besides the survey scans, high resolution scans 
for all elements (O1s, Li1s, B1s, and P2p) were conducted using 10eV band-
pass energy. Drift of the electron binding energy (EB) due to a surface charging 
effect was calibrated by referencing the measured EB to the C1s peak           
(EB = 284.6eV) of adventitious hydrocarbon impurity. Curve fitting and 
deconvolution of O1s spectra were carried out using the software XPSPeak 
(version 4.1) to quantify the influence of mixed glass former effect on the 
structure modification. 
2.3.8. Electrochemical Impedance Analysis 
To understand ion conduction mechanism, the most straightforward 
technique is the direct measurement of electrical conductivity. A particular 
problem when applying a DC bias to a sample via two standard metal 
electrodes is polarization at the electrodes due to the failure of the mobile ions 
to traverse the electrolyte/electrode interface (ionic current drops to zero). This 
problem may, in some cases, be solved by special four probe DC techniques 
such as the van der Pauw method, or two reversible electrodes (e.g. mixed 
conductors) which will allow ion transport across the electrolyte – electrode 
interface [2]. Nevertheless, AC techniques are generally simpler and more 
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applicable to conduct conductivity studies than their DC counterparts. 
In AC impedance measurement, a small potential perturbation is applied 
to the sample. The AC response to the applied perturbation, which is normally 
sinusoidal, can be different in phase and amplitude from the applied signal. 
Data from the measurement must be collected at short times, otherwise 
diffusion rather than kinetics becomes the rate determining process. 
Measurement of the phase difference and the amplitude (i.e. the impedance) 
allows analysis of the electrode process relating to contributions from 
diffusion, kinetics, double layer capacitance, coupled homogeneous reactions, 
etc. It is widely applied in studies of ionic solids, solid electrolytes, conducting 
polymers, corrosion, membranes and liquid/liquid interfaces [3]. 
Electrochemical impedance is generally measured by applying an AC 
potential to an electrochemical cell, and then measuring the AC current 
through the cell. Assume that a sinusoidal potential:                                            
                 (2.4) 
is applied. Then the AC current responding to this potential can be expressed 
as follows [4]:                                 
                    (2.5) 




                           (2.6) 
where  is the frequency, and   is the phase difference between the applied 
potential and response current. 
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As seen from Equation (2.6), the expression for Z() consists of a real and 
an imaginary part. If the real part (Z‟) and the imaginary part (Z”) multiplied 
by -1 are presented on the X axis and the Y axis respectively, a “Nyquist plot" 
is obtained, as shown in Figure 2.3. It should be noticed that in the Nyquist 
plots (cf. Figure 2.3) of electrochemical impedance spectroscopy data each 
point corresponds to the impedance at one specific frequency; low frequency 
data are on the right-hand side, while those of higher frequencies are on the 
left-hand side of the plot.  
 
Figure 2.3. Nyquist plot with impedance vector. Reproduced from Ref. [5]. 
For glassy solid electrolyte materials, the Nyquist plot generally looks like 
Figure 2.4 [6 – 9]. The Equivalent Circuit of Figure 2.4 is shown in Figure 2.5. 
Cb is the geometric capacitor between the electrodes; CPE is a constant phase 
element due to the polarization distribution at the interface between blocking 
electrodes and glass. Normally, we are mostly interested in Rb, which 





Figure 2.4. Nyquist plot of impedance for a glassy solid electrolyte with ion 
blocking electrodes. 
 
Figure 2.5. Equivalent circuit of Figure 2.4 with ion blocking electrodes. 
In the case of glass ceramics, the Nyquist plot is generally described as 
Figure 2.6 and the corresponding equivalent circuit looks like Figure 2.7(b) 
[10, 11]. Cb and Rb are the capacitance and resistance attributed to the bulk, 
respectively. Cgb and Rgb are the capacitance and resistance due to grain 
boundary, and CPE is due to the polarization distribution at the interface 




Figure 2.6. Nyquist plot of impedance for a glass-ceramic solid electrolyte 
with ion blocking electrodes. 
The situation is comparable to the brick-layer model that has been derived 
for polycrystalline samples with (highly conducting) grain boundaries. This 
model distinguishes bulk, space charge layers and grain boundary core regions 
(which in the case of glass ceramics with a predominant crystalline phase may 
be identified with the residual glass matrix between the crystallites). The high 
frequency semicircle then includes both contributions from the bulk and the 
space charge zones of the parallel grain boundaries. The in-series contributions 
from perpendicular grain boundary cores appear as a separate low frequency 
semicircle and CPE is due to the polarization distribution at the interface 
between the electrolyte and ion blocking electrodes. Figure 2.7 shows the 





Figure 2.7. Equivalent circuit of Figure 2.6 according to the Brick-layer 
model.     
  
 ,    
  
 are the capacitance and resistance due to parallel grain 
boundary;    
  ,    
   are the capacitance and resistance due to perpendicular 
grain boundary. 
In this study, ionic conductivity measurements of the halide-doped lithium 
phosphate and borophosphate glasses were carried out at different 
temperatures using the electrochemical impedance spectroscopy 
(Schlumberger Solartron SI 1260) in the frequency range of 1Hz to 15MHz. 
Commercially available Ag paint (ion blocking electrode) was applied on both 
sides of the glass sample to achieve a controlled contact area for the ionic 
conductivity determination. The sample was kept in a Kiel-type 
Electrochemical Cell (Ionic Systems), as shown in Figure 2.8. At each 
temperature the sample was kept for 10 min for thermal equilibration. 
a) Original circuit 
b) Reduced circuit 
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Figure 2.8. L.H.S.: A high-vacuum gas-tight quartz glass cylinder, in which 
sample is held to protect the arrangement from the air. R.H.S.: Set-up for ionic 
conductivity measurement at various temperatures, where the quartz glass 
cylinder is put inside the tubular furnace (with a temperature controller).  
2.4. Computer simulation techniques 
2.4.1. Molecular Dynamics Simulation 
In the past, physical theories could only be tested in very simple cases; 
however, many problems of interest fall beyond the ability of computation 
power. With high-speed and low-cost personal computers, computer 
simulation becomes a very important tool in science today [12]. By setting 
simulation conditions very closely to experimental ones, the results obtained 
from simulation are convincingly comparable to those of experiment. 
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Furthermore, some experimentally inaccessible circumstances can also be 
predicted using these credible simulation models [13]. For conduction 
mechanism studies, a direct identification of the diffusing species in the 
electrolyte is very difficult when using experiment techniques. However, in 
Molecular Dynamics simulation, the motion of each single atom can be traced, 
and hence details inside a system can be clarified. 
Molecular dynamics (MD) simulation is a deterministic simulation 
technique, which is commonly employed to provide information on 
macroscopic systems. It can be considered as a simulation of the evolution of a 
system over a certain time interval. In classical MD simulations, the motion of 
atoms obeys the laws of classical mechanics, i.e. Newton‟s equation,                                                     
           (2.7) 
where Fi is the force acting on atom i by surrounding atoms, mi and ai are the 
mass and the acceleration of atom i, respectively.  
Positions (r) and velocities (v) of a particle at the next    are calculated as 
shown in Equations 2.8, 2.9, 2.10 using Verlet velocity algorithm [14]. The 
movement trajectory of the particle is shown in Figure 2.9.  
                     
   
  
     (2.8) 
                     (2.9) 
             
  
  
               (2.10) 
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where U(r) is the potential energy of a system. 
 
Figure 2.9. Trajectory of a particle in the Molecular Dynamics (MD) 
simulation. 
Periodic boundary conditions (cf. Figure 2.10) are usually applied to the 
simulated system to eliminate the effect of unrealistic surface energies. After 
the system has reached its equilibrium, physical properties (which are 
generally a function of particle coordinates and velocities) can be determined 
by calculating their time averages over the system trajectory. Physical 
properties like energy, temperature, pressure, mean square displacement, pair 












The DL_POLY package has been used for MD simulations in the present 
work. From the measured density, size L of cubic cell (simulation cell) is 
determined.  Typically, a few thousand atoms are taken for simulation, which 
usually (i.e. in not too complex glass systems) proved to be sufficient to get 
most of the macroscopic physical properties such as the diffusion coefficient. 
There are still properties which depend on the cell size. For example, MD 
simulation cannot give information on medium range order existing above 
L/2. The circumferential effect of the cell is taken care of by asserting that the 
ions are surrounded by replicas of the basic cell in all directions (periodic 
boundary condition). 
Four main types of statistical ensembles used in MD simulations are 
Microcanonical ensemble (NVE; where the system has constant number of 
particles (N), volume (V) and energy (E)), Canonical ensemble (NVT; where 
N, V and temperature (T) are constant), Isothermal-Isobaric ensemble (NPT; 
where N, pressure (P) and T are constant) and Grand canonical Ensemble 
(μVT; where chemical potential (μ), V and T are constant). Among these 
ensembles, NVT was utilized for the studies of ion dynamics in all the 
investigated glasses. 
In order to successfully explain the material properties by MD simulation, 
the selection of suitable potential parameters is an absolute necessity. There 
are various ways to obtain interatomic potentials for the simulation. The most 
accurate way is to compute the potential quantum mechanically using wave 
functions and the Schroedinger‟s equation by ab-initio methods. However, it is 
computationally very expensive. Alternatively, optimization techniques can be 
92 
 
used to achieve the interatomic potentials. Since the interatomic potentials in 
glasses are not very different from those in their crystalline counterparts, the 
structure and properties of the corresponding crystalline analogs can be used 
to optimize the potentials. 
2.4.2. Computation of Physical Properties 
2.4.2.1. Pair Correlation Function  
Pair Correlation Function (PCF) provides information about the 
distribution of atoms j around atoms i, and is calculated using the following 
relationship:                                    
       
 
      
 
   
  
  (2.11) 
where     is the pair correlation function, j is the number density of atoms j. 
Nj is the mean number of atoms j lying between radii   and (  + d ) around an 
atom i in a spherical shell centered at atom i. 
2.4.2.2. Running Coordination Number 
Running Coordination Number (RCN) gives information about the 
number of atoms j around an atom i up to a distance  ‟, and is determined as 
follows:                               
     
         




where     is the running coordination number. 
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In the present MD simulations, PCF and RCN were utilized in the process 
of deriving the optimized interatomic potentials for reproducing the structure 
of the investigated halide-doped phosphate and borophosphate glasses. 
2.4.2.3. Mean Square Displacement, Self-diffusion Coefficient 
and Ionic Conductivity 
Mean Square Displacement (MSD) can be expressed by the following 
equation: 
                    
   (2.13) 
where       and         are the positions of a particle at the time    and 
     respectively;   is the time step and … symbolizes the ensemble 
average over the time steps.  
Self-diffusion coefficient (D) is then determined from the slope of the 





      
  
 (2.14) 
By applying the Nernst-Einstein relation between self-diffusion 
coefficient and ionic conductivity (cf. Equation (1.13) in Chapter 1), values of 
MD-simulated ionic conductivity of the investigated glasses can be calculated 




2.4.3. Bond Valence Approach 
Chemical bond is one of the most valuable concepts to appreciate the 
structures and properties of inorganic compounds. Empirical relationships 
between bond length and bond valence (BV) are widely used to identify 
plausible equilibrium sites for an atom in a crystal structure as sites where the 
BV sum of the atom matches its oxidation state [16]. A modification of the 
BV approach that improves the assessment of non-equilibrium site energies 
by a systematic adjustment of BV parameters to the bond softness [17 – 24] 
extends the application range of this simple tool to structure – property 
relationship studies in solid electrolytes.  
In the BV approach, the bond valence sA – X between a mobile ion A and 
an immobile counterion X can be estimated using the following empirical 
relationship:                                 
         
      
 
  (2.15) 
where R is the bond length between a mobile ion A and an immobile 
counterion X, R0 (the bond length of unit valence) and b are empirical 
parameters achieved from the refinement of well-defined crystal structures.  
The bond valence sum V(A) of the ion A for bonds to all its adjacent 
counterions X is then calculated as: 
          
 
 (2.16) 
The mismatch of the bond valence sum  ΔV(A)   is defined as the absolute 
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difference between the V(A) at the investigated site and the ideal bond valence 
sum (Vid(A)) of the ion A at the equilibrium site (which equals its oxidation 
state). The “accessible” sites for a mobile ion A in a local structure model can 
be identified as sites where  ΔV(A)  values remains small.  However, to 
enhance the chemical plausibility of BV mismatch „energy landscapes‟, 
 ΔV(A)  further contains a penalty function,     , that (i) discriminates against 
sites where a matching V(A) is achieved by unfavourable strongly asymmetric 
coordinations [20, 21, 24 – 26], and (ii) is complemented by truncated 
Coulomb repulsions between mobile and immobile cations only (e.g. Li and Si 
for lithium silicates, Li and P for lithium phosphates, etc) as well as soft 
coordination number constraints of mobile cation A (which is Li
+
 ion in this 
study). A complete description of  ΔV(A)  is hence as follows: 
             
 
              
 
 (2.17) 
where the penalty function,     , can be described by: 





       
   
     
 
 
         
   
                                
                                         
   






where       is the minimum coordination number, whose choice has to 
consider whether multiple bonds are possible for the respective atomic pair.  
The bond valence sum mismatch  ΔV(A)  has been utilized to reveal 
transport pathways of mobile ions in various studies [20 – 23, 27 – 32]. In 
contrast to most conventional BV parameter sets, our softBV parameters [18] 
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are based on the assumption that not only the counterions of the first 
coordination shell but all counterions up to a cut-off radius of 4–8 Å 
(depending on sizes and polarisabilities of the ions involved) contribute to 
V(A). This is indispensable for modelling ion transport pathways as it avoids 
artefacts in the BV sum variation, when an ion moves across the border of its 
coordination shell. BV ion transport pathway models are based on the 
supposition that paths between accessible sites, along which  ΔV(A)  remains 
sufficiently low, represent probable ion transport paths. Isosurfaces of fixed 
maximum BV sum mismatch  ΔV(A)  for a certain ion type A will thus 
enclose regions that an A ion in the pathway may reach with a certain 
activation energy, Ea (as discussed more in detail in [24], Ea is proportional to 
ΔV(A)2). Low BV mismatch regions that include both occupied and vacant 
sites, therefore, enable local jumps of A. A long-range transport requires 
pathways that extend through the whole structure (cf. Figure 2.11). For 









 conduction pathways in α-AgI after Adams et al. [25]. 
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In BV analysis, a volume element with a size of ca. (0.2 Å)
3
 is considered 
to belong to the conduction pathway if |V(A) – Vid(A)| is below a fixed 
threshold value or if the sign of (V(A) – Vid(A)) alters within the volume 
element (the second condition cushions effects of the limited grid resolution). 
Accessible volume elements that share common faces or edges belong to the 
same „pathway cluster‟. It is assumed that these pathway clusters contribute to 
dc conductivity only if they percolate through the structure model. The volume 
fraction, F, of the percolating pathways turns out to be a suitable measure of Ea 
and thereby (in the case of glasses) also of the room temperature conductivity. 
The remaining restricted pathway clusters are considered to contribute only to 
ac conductivity. 
As discussed in Ref. [21], a comparison of pathways for different types of 
mobile ions requires a mass scaling because for a fixed pathway volume 
fraction, the lighter cations with a higher polarizing power show higher values 
of activation energy and correspondingly reduced absolute conductivities. The 
polarisability differences should be reflected in the bond valence parameters 
and thus be already incorporated in the calculation of F, whereas the mass of 
the cation (M) does not directly modify the calculation of the bond valence 
landscape [22]. So the inclusion of the mass effect is required to convert a 
bond valence landscape into an energy landscape. Indeed a replacement of F 
(pathway volume fraction) by FM
1/2
 leads to congruent linear structure-




                   
   
      
  
   
 (2.19) 
In this project, this dynamic bond valence analysis will be applied to 
molecular dynamics trajectories. Based on the trajectory of MD simulations, 
ion transport pathways are modelled in detail by the BV approach to 
investigate how the structure changes as a consequence of Li2O modifier 
concentration variation in lithium silicate glasses, halide doping in lithium 
phosphate glass, and mixed glass former effect in lithium borophosphate 
glasses and thereby influences the ionic conductivity. In case of silicate and 
halide-doped phosphate glasses, characteristics of the resulting ion transport 
pathway models (such as volume fraction and local dimensionality of the 
percolating pathway) are compared to models for related glassy solid 
electrolytes based on reverse Monte Carlo (RMC) modelling of diffraction 
data previously reported by our group. It is expected to promote a better 
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Chapter 3  
 
Ion Transport Pathways in 
Molecular Dynamics Simulated 









Solid state lithium batteries and electrochemical devices employing solid 
glass electrolytes have been the subject of numerous investigations. A 
systematic design of new materials with technologically interesting properties 
requires the knowledge of composition-structure-property relationships. 
Appreciation for such knowledge demands a detailed understanding of 
important underlying mechanisms.  
Various silicate-based glass systems have been studied to explain these 
mechanisms. xM2O – (1 – x)SiO2 (M = Li, Na, K) have been among the most 
thoroughly investigated systems due to their great technological importance. 
Many reports are available in the literature to scrutinize the structure of these 
silicate glasses from NMR, IR and Raman spectroscopy, EXAFS, neutron and 
x-ray diffraction studies, as well as molecular dynamics simulations [1 – 6]. It 
is observed that the introduction of alkali oxides results in the formation of 
non-bridging oxygens (NBOs) by disruption of the Si – O – Si bonds and 
consequent reduction in glass connectivity [3]. These structural modifications 
affect the electrical and mechanical behaviour of alkali silicate glasses.  
However, the realization of how such modification affects the behaviour 
of these glasses is far from complete. This requires a good understanding of 
ion migration mechanism, which is also one of the key features for the 
development of solid electrolytes and electrode materials for device 
applications.   
Molecular dynamics (MD) simulations is one of the useful tools to 
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appreciate the microscopic origin of the dynamics. As mentioned in the 
literature review (see Chapter 1, Section 1.4.1), many studies have been done 
using this technique. However, most of the studies are based on high 
temperature simulations to increase ion mobility and cover only a few selected 
compositions (mostly x = 0.10 and x = 0.50). Moreover, there is still no 
unanimously accepted model that can explain some of the most interesting 
universal phenomena associated with ionic conduction in glasses. 
As such, the main goal of this work is to investigate and quantify the ion 
transport pathways in the xLi2O – (1 – x)SiO2 glasses with different lithium 
ion concentrations at room temperature (300 K) for a detailed range of 
compositions (x = 0.10, 0.15, 0.20, 0.25, 0.30, 0.33, 0.40, 0.45, 0.50) using 
MD simulation and Bond Valence (BV) approach. BV method is applied to the 
equilibrated configurations at room temperature to analyse the structural 
variation in these glassy systems with increasing network modifier content, its 
consequence for Li
+
 ion mobility, as well as the distribution of bridging and 
non-bridging oxygen atoms and the variation of the Qn (where n is the number 
of bridging oxygens around Si atom) values. The result from this study is 
eventually compared with the reported experimental and reverse Monte Carlo 
(RMC) results. In a recent study, we could demonstrate that ion transport 
pathways derived directly from extended MD simulations correlate well with 





3.2.1. Simulation Procedure 
The structures of lithium silicate glasses xLi2O – (1 – x)SiO2 (with           
x = 0.10, 0.15, 0.20, 0.25, 0.30, 0.33, 0.40, 0.45, 0.50) have been modeled by 
means of NVT Molecular Dynamics (MD) simulations. For each composition, 
1536 atoms were placed randomly in a cubic box using reported densities     
[1, 9, 10]. The DL_POLY [2, 11, 12] package has been employed for MD 
simulations. Integration of the equation of motion has been performed using 
the Verlet Leapfrog algorithm with a time step of 2 fs. Coulombic interactions 
have been calculated by the Ewald summation method. A pairwise potential 
reported by A. Pedone et al. has been employed [2]. This is based on a rigid 
ionic model with partial charges to handle the partial covalency of silicate 
systems. The potential is given by the sum of three terms: (i) the long-range 
Coulombic potential; (ii) the short-range forces, which are represented by a 
Morse function to account for covalent interactions; (iii) an additional 
repulsive term C/r
12
, which has been added to model the repulsive contribution 
at high temperature and pressure. The DL_POLY code has been slightly 
modified to allow for the inclusion of this additional repulsive term. The 
overall expression for the interatomic potential Uij between atoms i and j is 
then 
    
     
 
   
                          
 
    
   
   
   (3.1) 
where zi is the effective charge number of atom i, and rij is the interatomic 
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distance between atoms i and j; r0 is the equilibrium bond distance. Dij, aij and 
Cij are potential parameters and the indices i and j refer to the different atomic 
species. The ionic charges used in MD simulations for Li, Si, O atoms are 
+0.6e, +2.4e and -1.2e respectively. The systems have been cooled down 
uniformly from 5000 K to 2000 K over in steps of 500 K over 770 ps, 
followed by a slower cooling rate of 5 ns/500 K for 1500 K – 500 K and 
finally for 300 K. The total cooling time is 20.77 ns with a nominal cooling 
rate of 10
11
 K/s.  
Bond valence analysis is applied to the final equilibrated MD 
configurations at 300 K to calculate different structural units present in the 
systems under investigation. 
3.2.2. Bond valence approach 
More details of this approach can be found in Section 2.4.3.  
In practice, the structure model (containing 1536 atoms) is divided into a 
primitive grid containing ~ 3.3 million cubic volume elements with a size of 
ca. (0.2 Å)
3
. It should be noticed that a description of the pathways at ambient 
temperatures has to rely on an energy-landscape type of approach, since in the 
silicate glasses the mobility of ions is too small to be observed directly in 
room temperature MD simulation trajectories. 
Determining which oxygens are bridging or not is frequently done using 
radial cut-off criterion: how many Si atoms there are within a specified 
distance of the oxygen. Here s(Si-O) = 0.16 is used to decide whether an oxygen 
atom is BO or NBO. Therefore, the Qn species for the simulated xLi2O –       
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(1 – x)SiO2 glass structures is calculated and compared to the Qn distribution 
as determined by NMR, Raman [13 – 15] and theoretical models. According to 
the bond ordering model by Gurman [16], the number of Qn (n is the number 
of bridging oxygens around silicon atom) units present in xLi2O – (1 – x)SiO2 
glasses can be described by the following relations. 
    
  
  
    
  
  
    
  
   
         (3.2) 
                 (3.3) 
where ΔE, Tg are the bond ordering energy and glass transition temperature, 
respectively. 
3.3. Results and Discussion 
Figure 3.1 shows that the variation of the fraction of bridging oxygens 
(BOs) with the addition of modifier Li2O as calculated from the equilibrated 
configurations at room temperature using the above-mentioned BV criterion 
practically coincides with the assumption that the addition of each Li2O 
creates two non-bridging oxygen (NBO) atoms. Only for higher alkali 
contents the simulated systems include up to 0.3% „free oxygen‟ i.e. O2- ions 
unlinked to a silicon atom. The existence of such free oxygens is also found 
experimentally by Raman spectroscopy in lithium silicate glasses of very high 
alkali content [14]. The number of BOs is decreasing as expected with the 
concentration of lithium ions. This indicates the role of modifier in decreasing 
the connectivity of network.  
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Figure 3.1. Comparison of observed and expected fractions of bridging 
oxygens (BOs) as a function of Li2O concentration. 
Figure 3.2 shows how the fraction of the Lithium bond valence sum that 
originates from bonds Li-NBO varies with the concentration of Li2O. As to be 
expected this fraction exhibits an overall increase, as the number of NBOs 
rises with the Li2O concentration. What is more interesting is that a transition 
can be seen, when the Li2O concentration reaches 33%. For lower Li2O 
contents, there is a strong preference of Li to be bonded by the few available 
NBOs, whereas for high Li2O contents the connection between the Li and 
NBO sites is less pronounced. As shown in Figure 3.2 the trivial variation of 
the average V(Li-NBO)/[V(Li-NBO)+V(Li-BO)] can be expressed by a linear 
regression for the high Li2O concentration region, while the values in the low 
Li2O concentration region are characterized by an excess contribution 
characterizing the degree of localization of Li ions in the vicinity of NBOs. It 




Figure 3.2. Contribution of bonds to NBO‟s to the Li bond valence sum vs. 
concentration of Li2O. 
The concentration of the various Qn species, c(Qn) (where the index n 
refers to the number of bridging oxygens around Si) is a further useful 
measure for characterizing the intermediate range structure of glasses. 
Obviously the values of c(Qn) are controlled by the number and spatial 
distribution of non-bridging oxygens. Qn distributions can be determined 
experimentally, e.g. by NMR and Raman. Figures 3.3 and 3.4 compares the 
distribution of Qn for xLi2O – (1 – x)SiO2 observed in our simulations with the 
values calculated based on bond order model and with experimental values  








































































Figure 3.3. Variation of fraction of Qn units for xLi2O – (1 – x)SiO2 . Open 
symbols: calculated values for bond order model [16] with ΔE/kTg = 0.6; solid 
symbols: this study. 
 
 


































Figure 3.4. Variation of fraction of Qn units for xLi2O – (1 – x)SiO2 . Open 
symbols: reported values from NMR and Raman spectroscopy [13 – 15, 17]; 




As seen from Figure 3.4, experimental values (based on NMR and Raman 
studies) show that the c(Q4) decreases from x = 0.10 to 0.50, while c(Q3) 
increases up to 0.33 and then decreases, and Q2 can be identified for x  0.17 
and c(Q2) increases from x = 0.17 to 0.50. No Q1 units were reported from 
Raman and NMR studies below x = 0.5. Similarly, in our simulations c(Q4) 
decreases monotonically, whereas c(Q3) reaches a maximum for x = 0.33.  
c(Q2) and c(Q1) rise over the investigated composition range (except c(Q2) for 
x = 0.10). No Q0 (isolated SiO4) units were observed.  
Though there is a qualitative agreement between the variation of the c(Qn) 
as a function of x and the experimental values for the lithium silicate glasses 
of our study, there is no quantitative agreement of the c(Qn) values. Both 
suggest that the distribution of the Qn units is not completely random, but the 
preference for values of c(Qn) close to the expectation value                             
ñ(x) = (4 - 6x)/(1 - x) is more pronounced for the experimental data. Our 
results are consistent with the distribution of c(Qn) found in the simulations in 
Ref. [1, 2] that used the same force field, but an independent algorithm for the 
determination of c(Qn). 
To achieve a more quantitative description of the variation of the c(Qn) 
with x ordering, a certain degree of spatial ordering of the NBO atoms has to 
be assumed. As discussed in detail in Ref. [16] the extent of ordering may be 
approximated in a thermodynamic model as being formally caused by a bond 
ordering energy ΔE (cf. Equation (3.2)). As seen in Figure 3.3, the simulation 
results quantitatively match with the bond order model for ΔE = 0.6 kTg. 
Simulation results by Voigt et al. [17] based on the force field by Habasaki et 
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al. [18] for the range 0.10 < x < 0.33 correspond to a slightly lower bond 
ordering energy value. Experimental studies on Qn distributions exhibit a large 
scatter, but are generally found to correspond to somewhat larger values of ΔE 
= 1.0 kTg (based on data from Ref. [15]) or  ΔE = 1.5 kTg ± 0.5 kTg [16], i.e. a 
more pronounced ordering of the NBOs. It might be assumed that the 
differences in the degree of NBO ordering between experimental and 
simulated Qn distributions are due to the inevitable difference in the cooling 
rate, and an imperfect treatment of polarisation effects by the force fields. 
Recent work by Tilocca et al. [19] showed that the more detailed description 
of polarisability by core-shell models can help to further improve the 
description of the intermediate range order of the silicate network and the local 
environment of modifier cations. 
Figure 3.5 shows slices of the MD generated configurations for glasses 
with x = 0.10, 0.30 and 0.50. The slices visualize that the NBOs are to some 
extent clustered in the simulated structure models in accordance with the 
observation that the Qn distribution follows a bond order model. Along with 
the arrangement of NBOs, the distribution of Li
+
 ions changes with the Li2O 
content from micelle-like for x = 0.10, via interconnected larger Li-rich 
regions for x = 0.30 to a nearly homogeneous distribution for x = 0.50.  The 
same tendency, but less pronounced, is seen in slices through the bond valence 
Li
+
 conduction pathways (modelled as isosurfaces of constant Li bond valence 
sum mismatch) as shown in Figure 3.6 for the same three glasses. As we move 
from glass x = 0.10 to 0.50 the density of pathways, their local diameter and 
the number of connections increase due to the addition of modifier ions, in line 
with the increase of ionic conductivity in these lithium silicate glasses. While 
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in the displayed slices for the glasses with low Li2O concentrations pathways 
may look like discontinuous ribbons, about one half (for x = 0.10) to about 
98% (for x = 0.50) of the displayed pathway sections belong to the percolating 







Figure 3.5. Structures of glasses with x = 0.10, 0.30, 0.50 (top to bottom)  
(oxide atoms are around red Si tetrahedra, Li: small grey spheres, NBO: green 
spheres, BO: yellow spheres). Only the central 1/3 of the structure model is 
shown along z (perpendicular to the plane of view) to reduce overlap. 
x = 0.10 
x = 0.30 






Figure 3.6. Slices of the isosurfaces of constant Lithium bond valence sum 
mismatch |ΔV(Li)| in the glasses xLi2O – (1 – x)SiO2 for x = 0.10, 0.30, 0.50 
(top to bottom), projected along the z-axis (thickness nearly 5 Å). Note that 
although the pathways appear to be discontinuous ribbons in the displayed thin 
slices, about one half (for x = 0.10) to about 98% (for x = 0.50) of the 
displayed pathway sections belong to the percolating pathway cluster if the 
complete 3-dimensional model is considered. 
x = 0.10 
x = 0.30 
x = 0.50 
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With increasing network modifier content the percolating pathway 
clusters change in their volume fraction (the “cluster weight”) and as a 
consequence also in their local pathway dimensionality. Figures 3.7 and 3.8 
relate the volume fraction F of the percolating ion conduction pathways in the 
investigated Li
+
 ion system to the experimentally observed absolute values of 
their ionic conductivity (dc) and activation energy (Ea) [20]. The figures 
compare the results of the present MD study with a set of values that we 
reported previously on the basis of RMC-generated structure models of 
various alkali and Ag-conducting glasses. As discussed in Section 2.4.3, such a 
comparison of pathways for different types of mobile ions requires a mass 
scaling, as for a fixed pathway volume fraction the lighter cations with a 
higher polarising power show high values of activation energy and 
correspondingly reduced absolute conductivities. (The polarisability 
differences should be reflected in the bond valence parameters and thus be 
already incorporated in the calculation of F, whereas the mass of the cation 
does not directly modify the calculation of the bond valence landscape [21]). 
After the mass scaling, it was found that the MD-simulated Li silicate glass 
models nearly follow the same linear correlation between the structure-derived 
quantity (FM1/2)1/3 and the experimentally determined transport properties 
(i.e., ionic conductivity, activation energy) as the previously investigated glass 
systems. It should be noticed that this simple formalism permits to estimate 
the order of magnitude of the conductivity and the activation energy for the 
glasses of this study. This may also be understood as an indication that the 
recent force field used in this study produces plausible structure models of 
silicate glasses.  
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Figure 3.7. Variation of pathway volume fraction of Li
+
 ions with 
experimental ionic conductivity (dc). Solid symbols refer to data from RMC 
models for a wide range of Ag and alkali conducting glasses [21]. Open circles 
refer to MD-simulated structures of the glasses in this study. 





















Figure 3.8. Variation of pathway volume fraction of Li
+
 ions with activation 
energy (Ea). Solid symbols refer to data from RMC models for a wide range of 
Ag and alkali conducting glasses [21]. Open circles refer to MD-simulated 
structures of the glasses in this study. 
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Figure 3.9 reveals the variation in the local pathway dimensionality, as 
determined from the increase of the average number of pathway volume 
elements within a sphere around a random cluster site with the radius of the 
sphere. As to be expected the minimum of the local pathway dimension (d) 
increases with the Li2O content. This increase is most pronounced for         
0.10 < x < 0.25, but only subtle for higher Li2O contents (d = 1.1 for x = 0.10, 
d  1.5 for x = 0.15, d  5/3 for x  0.25). For x = 0.10 the bottleneck of the 
pathway also appears at a larger distance than for the other glasses, which 
might indicate that the nearly one-dimensional pathways connecting pockets 
of NBO-coordinated Li sites in the glass with x = 0.10 are qualitatively 
different in nature from the pathways of the glasses with higher network 
modifier contents. All the glasses show a noticeable medium-range ordering of 
the pathways, as indicated by further maxima and minima of the pathway 
dimension in the range up to ca. 10 Å.  
































Figure 3.9. Local pathway dimension Dm(r) of Lithium transport pathways in 5 
of the studied lithium silicate glasses as a function of distance, highlighting the 
reduced dimensionality of pathways on the length scale of elementary hopping 
processes. Minima in Dm(r) may be largely thought of as characterizing the 
width of Li
+




As the modifier concentration x increases the fraction of BOs and thereby 
the connectivity of the glass network decreases. Within the large range of 
compositions covered in this study, it appears that this variation in the network 
(and the Li
+
 ion pathways in between) is more pronounced around x = 0.30 
indicating a qualitative change in the glass structure with the Li2O contents.      
The variation of Qn units indicates the reduction of branched network, 
which leads to the increase of the density and connectivity of pathways for the 
motion of Li
+
 ions in the glasses. As known from previous experimental 
studies, the non-random distribution of Qn units can be approximately 
described by a bond order model, though the extent of ordering is somewhat 
less pronounced in the simulated glass structures, probably due to the faster 
quenching rate. 
The BV analysis of the lithium transport pathways in the MD-simulated 
lithium silicate structures shows the same variation of the scaled pathway 
volume fraction with the experimental conductivity as previously observed 
from RMC-generated structure models. Thereby it is possible to apply the BV 
method to MD simulated structure models in the same way as for the RMC-
generated models to predict transport properties directly from the structure 
model. This permits to analyse transport properties even for glass systems or 
temperatures, where the ion mobilities are too low to be derived directly from 
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Chapter 4  
 
Mobile Ion Transport Pathways 
and AC Conductivity Studies in 
Halide Salt Doped Lithium 
Phosphate Glasses yLiX –               






In addition to increasing network modifier Li2O as mentioned in Chapter 
3 for lithium silicate glasses, the doping of halide salt into the glass network is 
also expected to enhance the ionic conductivity of the glassy systems. 
Therefore, in this project the halide salt doped lithium phosphate glasses yLiX 
– (1 – y)(0.60Li2O – 0.40P2O5) (where X = Cl, Br) were investigated to clarify 
the effect of halide dopant concentration on the glass structure and Li
+
 ion 
mobility.   
Lithium phosphate glasses possess technological importance due to their 
simple composition with strong glass forming character and low glass 
transition temperature. With the addition of appropriate doping agent, these 
glasses find a wide variety of applications in optoelectronic devices, laser host 
materials and as solid electrolytes in solid state ionic devices. Fast alkali ion 
conducting glasses with high ionic conductivity are potential candidates for 
applications in solid state electrochemical devices such as batteries, sensors, 
etc. due to their advantageous characteristics over the conventional crystalline 
materials. A systematic design of new materials with technologically 
interesting properties requires the knowledge of composition-structure-
property relationships. Appreciation for such knowledge demands a detailed 
understanding of important underlying mechanisms. 
Many investigations have been carried out on lithium phosphate glassy 
systems to explain these mechanisms. Structural studies of binary Li2O – P2O5 
and ternary Li2O – P2O5 – LiX (where X = Cl for most of the cases) glasses 
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have been reported using neutron and X-ray diffraction, spectroscopic 
techniques, and computer based simulations, such as RMC and MD 
simulations (see literature review of phosphate glasses). Generally the 
introduction of Li2O breaks up P – O – P bridges, creating non-bridging 
oxygens (NBOs) which reduce the phosphate chain lengths. The addition of 
dopant LiX  does not cause any such modification of chain length in the glass 
network, though it makes the structure less rigid and create wider channels for 
Li
+
 ion movement, and thus enhancing ionic conductivity () and decreasing 
glass transition temperature (Tg) [1 – 6].  
Most studies focus on LiCl doped phosphate glasses, whereas the 
structure and properties of LiBr doped glasses have not been investigated 
thoroughly. Therefore, a detailed understanding of effect of halide dopant in 
the lithium phosphate glasses is far from complete. 
As mentioned in the literature review (see Chapter 1, Section 1.4.2), MD 
simulations have been used to investigate the structure and ion dynamics in the 
lithium phosphate glasses. However, most of these MD studies were 
conducted on the binary Li2O – P2O5 phosphate systems, while to my 
knowledge only one structural study using MD simulation for ternary 
phosphate glasses Li2O – P2O5 – LiCl was available when we started our 
works [2]. Moreover, there is still no unanimously accepted model that can 
explain the mechanism of ionic conduction in these glasses and in particular 
the effect of halide dopant on the ion transport pathways in the ternary glasses. 
As such, halide salt doped lithium phosphate glassy systems yLiX –        
(1 – y)(0.60Li2O – 0.40P2O5) (where X = Cl, Br; y = 0, 0.10, 0.15, 0.20, 0.25) 
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were chosen to study in details the ion conduction mechanism.  
The first objective of this research is to investigate the relation between 
the conductivity and the transport pathways for mobile Li
+
 ions, as well as the 
influence of halide doping in these glassy systems. To achieve this aim, yLiX 
– (1 – y)(0.60Li2O – 0.40P2O5) glasses were prepared, characterized by 
impedance spectroscopy, while their structures were modelled by MD 
simulation. Based on the equilibrated configurations of these MD simulations, 
ion transport pathways are modelled in detail by the bond valence (BV) 
approach to clarify the influence of the halide dopant concentration on the 
glass structure and its consequence for Li
+
 ion mobility.  
The second objective is to have a complete knowledge on the ion 
transport mechanism and relaxation behaviour in these glasses. Therefore, the 
variation of ac conductivity (()) and electric modulus (M*) with the 
addition of LiCl and LiBr to 0.60Li2O – 0.40P2O5 glassy system will be 
investigated using frequency-dependent impedance spectroscopy. 
4.2. Techniques 
4.2.1. Sample synthesis and properties characterization 
Please see Section 2.2.1 for the preparation of halide salt doped lithium 
phosphate glasses yLiX – (1 – y)(0.60Li2O – 0.40P2O5) (where X = Cl, Br; y = 
0, 0.10, 0.15, 0.20, 0.25). 
 Because LiCl and LiBr partially evaporate during the preparation, the 
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exact composition of the prepared sample was determined from scanning 
electron microscopy (SEM) with the aid of energy dispersive X-ray analysis 
(EDX). Weight percentage of halide X obtained from EDX was used to 
quantify the exact composition for each prepared glass [y = (wt% of 
X/100)*(Mglass/MX), where M: atomic mass in g/mol]. Table 4.1 shows a 
comparison between the expected and the observed halide X contents in the 
corresponding glasses. Hereafter, experimental data will refer to the observed 
compositions, while MD simulations are conducted for the expected (nominal) 
compositions. 
The quenched samples were characterized by X-ray powder 
diffractometry (XRD) using Cu K radiation (PANalytical X‟Pert PRO, 
equipped with a fast linear X‟Celerator detector, which can collect 100 steps at 
the same time). XRD data were collected in the 2 range 10–800 with a 
nominal scan rate of 70s.step
-1
 and a step size of 0.05
0
 at room temperature. 
Except for y = 0.25LiBr, no sharp Bragg peaks were observed for other 
compositions, confirming glassy nature of the samples with up to y = 0.25 for 
LiCl-doped and y = 0.20 for LiBr-doped glasses (cf. Figure 4.1). Density of 
glasses was measured by Archimedes‟ principle or Pycnometry. The glass 
transition temperature (Tg) was determined using Differential Scanning 
Calorimetry (DSC; TA Instruments 2920 Modulated DSC) at a heating rate of 
10K.min−
1




Table 4.1. Results of composition analysis of yLiX – (1 – y)(0.60Li2O – 
0.40P2O5) glasses  (X = Cl, Br). 
Nominal composition Theor. (Exp.) 
/wtX% 
Experimental composition 
0.60Li2O–0.40P2O5  - 0.60Li2O–0.40P2O5 
0.54Li2O–0.36P2O5–0.10LiCl  4.96 (4.87) 0.54Li2O–0.36P2O5–0.098LiCl  
0.51Li2O–0.34P2O5–0.15LiCl 7.61 (7.14) 0.51Li2O–0.34P2O5–0.141LiCl 
0.48Li2O–0.32P2O5–0.20LiCl 10.39 (10.26) 0.48Li2O–0.32P2O5–0.198LiCl 
0.45Li2O–0.30P2O5–0.25LiCl 13.30 (13.20) 0.45Li2O–0.30P2O5–0.248LiCl 
0.54Li2O–0.36P2O5–0.10LiBr 10.52 (10.13) 0.54Li2O–0.36P2O5–0.096LiBr 
0.51Li2O–0.34P2O5–0.15LiBr 15.66 (15.65) 0.51Li2O–0.34P2O5–0.150LiBr 
0.48Li2O–0.32P2O5–0.20LiBr 20.72 (20.59) 0.48Li2O–0.32P2O5–0.199LiBr 
Ionic conductivity measurements for a temperature range of 300 to 492 K 
were carried out by impedance spectroscopy in the frequency range of 1 Hz to 
15 MHz (see Section 2.3.8 for more details). The bulk resistance (Rb) was 
determined from fitting impedance data to Nyquist plots (-Z” versus Z‟) using 
an equivalent circuit model. The equivalent circuit consists of Cb, Rb and CPE, 
where Cb is the geometric capacitance of the sample between the electrodes, 
and CPE is the constant phase element due to the polarization distribution at 
the interface between blocking electrodes and glass. 
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0.54Li2O - 0.36P2O5 - 0.096LiBr
0.51Li2O - 0.34P2O5 - 0.141LiCl
0.48Li2O - 0.32P2O5 - 0.199LiBr








Figure 4.1. XRD patterns of some yLiX – (1 – y)(0.60Li2O – 0.40P2O5) 
glasses. 
4.2.2. Computer simulations 
Constant volume (NVT) MD simulations were performed on structure 
models of yLiX – (1 – y)(0.60Li2O – 0.40P2O5)  glasses (where X = Cl, Br;     
y = 0.10, 0.15, 0.20, 0.25). The volume of the simulation box is derived from 
our density determinations (Table 4.2). The optimized potential parameters 
shown in Tables 4.3, 4.4 and 4.5 for LiCl- and LiBr-doped glasses have been 
derived in the frame of this project by fitting to experimentally known bond 
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lengths and coordination numbers. Low pressure has been observed in the 
simulations. 
Table 4.2. Physical parameters of yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses  
(X = Cl, Br). 








Tg/K   
  /eV 
0.60Li2O–0.40P2O5  2.348 8.70 x 10
-2
 583 0.650 
0.54Li2O–0.36P2O5–0.10LiCl  2.324 8.50 x 10
-2
 565 0.601 
0.51Li2O–0.34P2O5–0.15LiCl 2.298 8.34 x 10
-2
 551 0.584 
0.48Li2O–0.32P2O5–0.20LiCl 2.271 8.17 x 10
-2
 535 0.568 
0.45Li2O–0.30P2O5–0.25LiCl 2.249 8.03 x 10
-2
 519 0.543 
0.54Li2O–0.36P2O5–0.10LiBr 2.392 8.23 x 10
-2
 573 0.575 
0.51Li2O–0.34P2O5–0.15LiBr 2.421 8.01 x 10
-2
 555 0.555 
0.48Li2O–0.32P2O5–0.20LiBr 2.443 7.78 x 10
-2
 540 0.535 
Starting at a temperature of 1500 K, the system containing 1975 – 2170 
atoms was cooled by scaling velocities to 1000, 700, 500, 400 K and finally 
cooled to 300 K with a time step of 2 fs. At 1500, 1000 and 700 K, 
equilibration time was 300 ps followed by a NVT simulation (Hoover 
thermostat) for 200 ps. At 500, 400, 300 K the equilibration time was 
increased to 600 ps and the production run after equilibration was also 
increased to 400 ps. Thus the calculation of mean square displacement (MSD) 
for all atoms was based on the final 200 ps at 1500, 1000, 700 K, and the final 
400 ps for the temperatures 500, 400 and 300 K below the glass transition 
temperature (Tg). The interatomic potential Uij between atoms i and j used in 
MD simulations is as follows: 
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(4.1) 
Here Uij is the interatomic potential between atoms i and j, zi is the 
effective charge number of atom i, 0 is the equilibrium angle subtended by rij 
and rik. Aij, ij0, kij, ij and ik are potential parameters.  
The first term in Equation (4.1) is the Coulomb potential where ze is the 
ionic charge. Since it is a long range (1/r) interaction, it is slowly convergent. 
The convergence is enhanced by applying Ewald summation, where 
electrostatic potential experienced by one ion in the presence of all the other 
ions in the system is calculated by splitting the slowly convergent direct 
summation into two fast converging series with one in direct and the other in 
reciprocal space. The ionic charges used in MD simulations for Li, P, O, X (Cl, 
Br) are +0.6e, +3.0e, -1.2e, -0.6e, respectively. They are generally lower than 
the nominal charges of the ions to account for partial covalency of phosphate 
systems. 
The second term in Equation 4.1 is the Buckingham pair-wise potential 
(see Equation 4.2), which includes both Born repulsion and Van der Waals 
interactions, and accounts for the short range interactions. 







In practice the Van der Waals-attraction term ( 
 
  
) is often approximated 
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by a modification of the effective charge in the Coulomb term and the 
parameter C is chosen to be zero. In that case the Buckingham potential is 
simplified to a pure Born repulsion term as shown in Equation 4.1. 
The third term in Uij (cf. Equation 4.1) is the three-body Screened Vessal 
term, which is introduced to account for the angle-dependent nature of 
covalent interactions. Bond valence analysis is then applied to the final 
equilibrated configuration obtained at 300 K. 
Table 4.3. Optimized two-body potential parameters for LiCl doped phosphate 
glasses. 
Interaction (i - j) Aij/eV ijo/Å 
P – O    2900.57 0.212 
O – O  2100.43 0.295 
Li – O  25500.42 0.170 
Li – Cl  150000.00 0.176 
P – Cl  2500.00 0.450 
Cl – Cl  1500.00 0.600 
Table 4.4. Optimized two-body potential parameters for LiBr doped phosphate 
glasses. 
Interaction (i - j) Aij/eV ijo/Å 
P – O    2700.57 0.212 
O – O  4000.43 0.295 
Li – O  26000.42 0.170 
Li – Br  80000.00 0.196 
P – Br 2000.00 0.300 
Br – Br  1000.00 0.600 
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Table 4.5. Potential parameters for the three-body Vessal term in the forcefield 
for LiX doped phosphate glasses (X = Cl, Br). 
Interaction (i – j – k) O – P – O P – O – P 
k/eV 0.0129 0.0129 
0 109.47 135.58 
ij/Å 0.2252 1.5000 
jk/Å 0.1191 1.2321 
rc
*
/Å 1.90 1.90 
rc*: cut off in rij and rjk. 
4.2.3. Bond valence approach 
 More details of this approach can be found in Section 2.4.3.  
In practice, the structure model is divided into a primitive grid containing 
~ 3.3 million cubic volume elements with a size of ca. (0.2 Å)
3
, i.e. about 1600 




4.3. Results and Discussion 
4.3.1. Density, glass transition temperature (Tg) 
The mass density of LiCl-doped glasses decreases and the mass density of 
LiBr-doped glasses increases with rising of LiX (X = Cl, Br) content (see 
Table 4.2). However in both cases the number density decreases with the 
increase of LiX content (cf. Table 4.2), indicating that the glass network 
becomes more open. This leads to the decrease of glass transition temperature 
(Tg) (cf. Table 4.2) and the increase of Li
+
 ion mobility. The decrease in Tg 
with the increase of LiX content proves that the glass matrix becomes less 
rigid with the LiX addition, in line with the literature reports for lithium 
halide-doped phosphate glasses [2, 5]. It may still be noticed that for the same 
value of y and Li2O/P2O5 ratio, Tg values are ca. 5 K higher for the LiBr-doped 
glasses than for the corresponding LiCl-doped glasses. 
4.3.2. Impedance analysis 
Complex impedance spectra of the glasses were measured over the 
temperature range from 300 to 492 K. The Nyquist plots were fitted by using 
an equivalent circuit model of one RC couple (representing the bulk resistance 
and geometric capacitance) in series with one CPE (representing polarization 
at the electrode: electrolyte interface) (see Figure 4.2). A series of Nyquist 
plots of 0.54Li2O – 0.36P2O5 – 0.096LiBr glass at different temperatures is 
shown in Figure 4.2. The bulk ionic conductivities from these fits follow the 
Arrhenius-type temperature dependence as expected (see Figure 4.3). Table 
4.6 shows the values of experimental and MD simulated ionic conductivity 
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(dc) at room temperature for yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses. 
For the same value of y and Li2O/P2O5 ratio, LiBr-doped glasses exhibit 
higher dc values than those of LiCl-doped glasses.  
The slope of Arrhenius plots (cf. Figure 4.3) decrease with the increase of 
LiX content, consequently activation energies (  
  ) decreases from 0.601eV 
for y = 0.10LiCl to 0.543eV for y = 0.25LiCl, and from 0.575eV for                
y = 0.10LiBr to 0.535eV for y = 0.20LiBr (see Table 4.2). For the same value 
of y and Li2O/P2O5 ratio, LiBr-doped glasses exhibit lower   
   values than 
those of LiCl-doped glasses (cf. Figure 4.4). The drop in   
   as a function of y 
can be approximated as   
               
  with c1 = 0.92, c2 = 1.75 for 
LiBr- and c1 = 0.59, c2 = 0.90 for LiCl-doped glasses (cf. Figure 4.4). The 
coefficient c1 of the linear term is related to the softness of the network atoms. 
A higher value of c1 for LiBr-doped glasses when compared to LiCl-doped 
glasses means the free volume in-between the network structure is more 
accessible when doping with the more polarisable Br
-
 ions. More work on the 
complete range of compositions would be required to reveal the detailed 






































Figure 4.2. Nyquist plots of 0.54Li2O – 0.36P2O5 – 0.096LiBr glass at 
different temperatures and equivalent circuit used for fitting. Red solid line: fit 
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 y = 0.098LiCl
 y = 0.141LiCl
 y = 0.198LiCl
 y = 0.248LiCl
 y = 0.096LiBr
 y = 0.150LiBr



















Figure 4.3. Arrhenius plots of dc ionic conductivities obtained from 
impedance spectroscopy for different yLiX – (1 – y)(0.60Li2O – 0.40P2O5) 
glasses. 
 
Table 4.6. MD and experimental ionic conductivities of yLiX –                      
(1 – y)(0.60Li2O – 0.40P2O5) glasses  (X = Cl, Br) with nominal and 
experimental glass compositions at 300 K. 





0.54Li2O–0.36P2O5–0.10LiCl (0.098LiCl)  4.28 x 10
-7
 2.89 x 10
-7
 
0.51Li2O–0.34P2O5–0.15LiCl (0.141LiCl) 7.32 x 10
-7
 4.74 x 10
-7
 
0.48Li2O–0.32P2O5–0.20LiCl (0.198LiCl) 1.26 x 10
-6
 0.93 x 10
-6
 
0.45Li2O–0.30P2O5–0.25LiCl (0.248LiCl) 2.38 x 10
-6
 1.56 x 10
-6
 
0.54Li2O–0.36P2O5–0.10LiBr (0.096LiBr) 3.53 x 10
-7
 3.18 x 10
-7
 
0.51Li2O–0.34P2O5–0.15LiBr (0.150LiBr) 1.13 x 10
-6
 0.98 x 10
-6
 
0.48Li2O–0.32P2O5–0.20LiBr (0.199LiBr) 2.97 x 10
-6
















 LiBr doped glass












Figure 4.4. Activation energies (  
  ) versus LiX contents for yLiX –              
(1 – y)(0.60Li2O – 0.40P2O5) glasses. The lines are polynomial fits of data. 
 
4.3.3. Frequency dependence of ionic conductivity 
Analysis of the frequency dependence of ionic conductivity at various 
temperatures of the electrolytes helps to reveal insights into the hopping 
frequency of the ions, their temperature dependence, extrapolated dc 
conductivity and also whether the mobile ion concentration is thermally 
activated [7 – 10]. Figure 4.5 shows frequency-dependent conductivity plot of 
log(σ) versus log(ω) for the glass composition 0.54Li2O – 0.36P2O5 – 
0.098LiCl. Three distinct regions in the conductivity spectra are observed for 
the compounds at above room temperatures: (i) the high frequency dispersive 
region ( > 104 Hz), (ii) the central plateau region, which is also called dc 
regime; and (iii) the low frequency dispersive region arising from 
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electrolyte:electrode polarisation.  






























Figure 4.5. Log-log of  versus  at different temperatures for 0.54Li2O – 
0.36P2O5 – 0.098LiCl glass. 
The frequency dispersion characteristics in the high frequency and central 
plateau regions can be analyzed using Jonscher‟s universal power law relation, 
             
  (4.3) 
where σ(0) is the frequency-independent dc conductivity of the sample, AT is a 
weakly temperature-dependent quantity (≈ 4 x 10-11 S.cm-1.rad-n for 0.60Li2O 






 for LiX-doped glasses) and n is 
the power law exponent (0 < n < 1). The n values for all glasses are 
summarised in Table 4.7. As the temperature increases, the frequency at which 
the dispersion becomes prominent shifts to higher frequency region, as the 
kinetic energy of the ions and hence their vibrational frequency increases (cf. 
Figure 4.5). In addition, the onset points of the high-frequency conductivity 
dispersion at different temperatures lie on a straight line inclined at an angle of 
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45 (slope = 1) as shown in Figure 4.5 for 0.54Li2O – 0.36P2O5 – 0.098LiCl 
glass. This suggests that dc conductivity σdc(T) and onset frequency  are 
proportional to each other and both are thermally activated with nearly the 
same activation energy, indicating a general feature of the power law proposed 
by Funke [11]. An analogous behaviour was observed when varying the 
content of LiX. 
Table 4.7. Activation energies (Ea) and fitting parameters of ac conductivity 
and modulus analysis for yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses          
(X = Cl, Br). 
Experimental composition   
  /eV   
  
/eV n β  (s) 
0.60Li2O–0.40P2O5  0.650 0.625 0.91 0.87 1.86 x 10
-6
 
0.54Li2O–0.36P2O5–0.098LiCl  0.601 0.588 0.94 0.90 6.58 x 10
-7
 
0.51Li2O–0.34P2O5–0.141LiCl 0.584 0.569 0.94 0.91 2.88 x 10
-7
 
0.48Li2O–0.32P2O5–0.198LiCl 0.568 0.547 0.94 0.93 1.81 x 10
-7
 
0.45Li2O–0.30P2O5–0.248LiCl 0.543 0.525 0.94 0.94 1.34 x 10
-7
 
0.54Li2O–0.36P2O5–0.096LiBr 0.575 0.565 0.95 0.90 3.92 x 10
-7
 
0.51Li2O–0.34P2O5–0.150LiBr 0.555 0.544 0.95 0.91 2.76 x 10
-7
 
0.48Li2O–0.32P2O5–0.199LiBr 0.535 0.521 0.95 0.94 1.39 x 10
-7
 
n: power law exponent in Equation (4.3); β and  are stretching exponent and 
relaxation time, respectively, in the KWW function (cf. Equation 4.7). 
Scaling of ac conductivity data for ionically conducting glasses and 
amorphous semiconductors to construct a master curve in order to realise a 
common underlying behaviour was reported previously [12 – 14]. The ac 
conductivities obtained at different temperatures follow the relation, 
    
   
   
 
  
  (4.4) 
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where f is a temperature-independent scaling function, and p is the hopping 
frequency at which σ  =  2σdc. The hopping frequency p is found to increase 
with temperature (see Figure 4.6), LiX addition, and halide size. For the same 
composition and temperature, p of LiBr-doped glasses is higher than that of 
LiCl-doped glasses. The temperature dependence of p obeys the Arrhenius 
behaviour. Also, as shown in Table 4.7, the hopping activation energies (  
  
) 
are comparable to those of dc conductivity (  
  ). This suggests that the 
relaxation mechanism requires the charge carriers to cross the same energy 
barrier as for the conduction process [13].   








 y = 0
 y = 0.098LiCl
 y = 0.141LiCl
 y = 0.198LiCl
 y = 0.096LiBr
 y = 0.150LiBr















Figure 4.6. Arrhenius plots of hopping frequencies (p) for different yLiX –    
(1 – y)(0.60Li2O – 0.40P2O5) glasses. 
Figure 4.7(a) shows the scaling of the ac conductivity spectra of    
0.54Li2O – 0.36P2O5 – 0.098LiCl glass at different temperatures. The value of 
p at various temperatures obtained from frequency dependent conductivity 
 approximately follows the relation, 
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  (4.5) 
As the characteristic frequency is activated by the same thermal energy as 
σdcT, the scaling parameter can also be chosen as σdcT instead of p. The 
advantage of using this scaling parameter is that it employs the directly 
available quantities σdc and T rather than the value of p that has to be derived 
from the conductivity dispersion. Figure 4.7(b) shows the same data as Figure 
4.7(a) with  now scaled by σdcT. The exponent n in Equation (4.5) is found to 
decrease slightly with increasing temperatures and to exhibit a minute increase 
with LiX content. The values of n observed for all compounds are ~0.940.04. 
Nearly the same values of n would follow from Equation (4.3) (as n is close to 
1). Since the Li
+
 ion number densities of the investigated systems vary only 
slightly, the master curves for different glasses nearly fall on a super master 
curve (except for the low frequency region), and it can hardly be decided 
whether the additional scaling by the mobile ion concentration (as proposed by 
Roling et al. [12, 15]) improves the agreement among the curves. The low 
frequency dispersion observed for compositions at various temperatures is due 
to the electrode polarization as a result of the accumulation of mobile ions at 
the interface. The development of the space charge accumulation is more 
effective at lower frequencies [16]. Therefore, the total conductivity (σ) of the 
compound decreases as frequency decreases at a given temperature. The drop 
in σ can be seen in Figures 4.5 and 4.7 for frequencies below the middle 
plateau dc frequency regime. The dispersion is steeper and also the onset point 
of the low frequency dispersion shifts to a higher frequency value with 
increasing temperature. This is due to the fact that the higher ion mobility at 
142 
 
higher temperatures results in faster and more pronounced accumulation of 
ions and hence a corresponding drop in . As for high frequency dispersion, 
the onset points of low frequency dispersion at different temperatures lie on a 
straight line inclined at a slope of 0.83 (cf. Figure 4.5). 


























































Figure 4.7. Conductivity master curves of (a) log(/dc) vs. log(/p);           




4.3.4. Modulus analysis 
The analysis of impedance data in the modulus formalism assumes 
importance, as it suppresses the electrode effects in extracting the conductivity 
relaxation times. The electric modulus data can be obtained from the complex 
impedance data using the relation, 
         
 
 
      
  (4.6) 
where C0 is the vacuum capacitance (C0  0.2 – 0.4 pF for all the glasses), Z
*
 
the complex impedance. Figure 4.8 shows the variation of the real part of 
electric modulus with frequency at different temperatures for 0.51Li2O – 
0.34P2O5 – 0.15LiBr glass. At lower frequencies, M tends to be very small, 
confirming that the electrode effects make a negligible contribution, and hence 
may be ignored when the data are analysed in modulus formalism. For all 
temperatures M reaches a constant value M at high frequencies, due to 



























Figure 4.8. Logarithmic variation of real part of modulus (M‟) with frequency 
() for 0.51Li2O – 0.34P2O5 – 0.15LiBr glass. 
The peaks of imaginary part of electric modulus (M”) are asymmetric and 
broader on both sides of the maxima than predicted by ideal Debye behaviour 
(see Figure 4.9). The frequency range where the peak occurs indicates the 
transition from long-range to short-range mobility. The peak in M shifts 
toward higher frequencies with increase in temperature. The asymmetric M 
plot is suggestive of stretched exponential character of relaxation times. The 
stretched exponential function is defined by the empirical Kohlrausch-
Williams-Watts (KWW) function: 






where τ is the relaxation time and 0 < β < 1 characterises the departure from a 
linear exponential behaviour (β = 1).  
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Figure 4.9. (a) Variation of imaginary part of modulus (M”) with frequency 
() for 0.48Li2O – 0.32P2O5 – 0.199LiBr glass. (b) Normalised plots 
(M”/M”max) vs. log(/max) for 0.48Li2O – 0.32P2O5 – 0.199LiBr glass. Inset: 




In fitting to Equation (4.7), β and M have been taken as freely adjustable 
parameters at each temperature. The solid lines through the modulus spectra in 
Figure 4.9(a) show the fits are in good agreement with the experimental data. 
The average β value is found to depend on LiX content and temperature (see 
Table 4.7). The frequency exponent β does not obey Ngai‟s relation β = 1 − n 
[10], because the KWW function used for fitting the modulus spectra leaves 
the high frequency component unaccounted for, whereas the conductivity 
formalism takes it into account. Besides, as seen in Table 4.7 the average 
relaxation time () decreases (i) when increasing the LiX content or rising the 
temperature, or (ii) when replacing Cl
-
 by the same amount of Br
-
 ion. 
   The superimposed plots of  M/Mmax vs log (/max) suggest that the 
dynamical processes governing conductivity relaxations at different 
frequencies remain the same over the investigated temperature range in these 
glassy systems (cf. Figure 4.9(b)). The temperature dependence of max obeys 
the Arrhenius relation               
        , where   
     is the 
activation energy for the electrical relaxation (cf. Figure 4.9(b)). The values of 
  
     are found to be comparable with the values obtained from temperature-
dependent conductivity study.  
4.3.5. MD simulations 
Figure 4.10(a) shows the pair correlation function (PCF) and running 
coordination (RCN) of P – O for a typical glass y = 0.20LiBr, indicating the 
presence of PO4 tetrahedra. PCF and RCN of Li – O are shown in Figure 
4.10(b). The simulated bond lengths of P – O, Li – O, Li – Cl, Li – Br are 
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around 1.51 Å, 2.04 Å, 2.57 Å, and 2.78 Å respectively, which agree very well 
with their experimentally reported values for P – O, Li – O in Li phosphate 
glasses [1], as well as for crystalline LiCl [17] and LiBr [18]. The structure of 
0.45Li2O – 0.30P2O5 – 0.25LiCl glass in MD-generated configuration at     
300 K is illustrated in Figure 4.11, as an example. 

















































Figure 4.10. Pair correlation function (PCF) and running coordination number 





Figure 4.11. Slice from MD-simulated structure model of 0.45Li2O – 0.30P2O5 
– 0.25LiCl glass at 300 K. Oxide atoms (orange spheres) are around P atoms 
(shown as olive tetrahedra), Li atoms: red spheres, Cl atoms: blue spheres. 
Only 1/4 of the structure model is shown along the z-axis (perpendicular to the 
plan of view) to reduce overlap. 
Figure 4.12 illustrates mean square displacement (MSD) as a function of 
time () of Li, P, O, Cl at 300 and 1000 K for 0.45Li2O – 0.30P2O5 – 0.25LiCl 
glass as an example. These plots confirm that the mobility of Li
+
 ion is very 
much higher than those of P, O, X (Cl, Br) at 300 K, thus identifies Li
+
 ion as 
the mobile ion which contributes to ionic conductivity in the yLiX –                    
(1 – y)(0.60Li2O – 0.40P2O5) glasses. The mobility of Li
+
 ions increases with 
temperature. Diffusion coefficient (D) of Li
+
 ions was calculated from the 
slope of the MSD plots. Simulated ionic conductivity was then determined 
using the Nernst-Einstein equation. Figure 4.13 shows a comparison of ionic 
conductivity of both experimental and simulations for LiX-doped glasses. As 
seen from Figure 4.13, MD values are of the same order of the experimental 
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ones. The trend of increment of conductivity is the same in both cases. For 
LiBr-doped glasses, MD simulation can quantitatively reproduce the 
experimental values within experimental uncertainties, which are ca. 10% of 
dc values (see Figure 4.13(b)). 












































Figure 4.12. Mean square displacement (MSD) versus time () for       






















































Figure 4.13. Comparison of ionic conductivities for a) LiCl-doped glasses;    





4.3.6. BV analysis 
Final equilibrated MD configurations of yLiX – (1 – y)(0.60Li2O – 
0.40P2O5) glasses were used for Bond Valence (BV) analysis. It was 
confirmed that the percentage of bridging and non-bridging oxygen (23% and 
77%, respectively) did not vary with the addition of LiX (X = Cl, Br).  
The BV approach can be employed to clarify whether the Li
+
 ions form 
LiX clusters in the investigated glass structures, as has been discussed 
previously in the literature for related systems [19, 20]. It is found that this 
hypothesis can be ruled out for the system under study:  The distribution of 
relative contributions of Li – Cl or Li – Br bonds to the Lithium BV sums in 
the corresponding LiCl- or LiBr-doped glasses (cf. Figure 4.14) demonstrates 
that, as to be expected for a modified random network glass, only a small 
fraction of the Li atoms are bonded predominantly by chloride or bromide ions 





ions. In the case of LiCl-doped glasses (cf. Figure 
4.14(a)), more than 95% oxide contribution occurs for 20% (y = 0.25, O/Cl 
ratio 7.8:1) to 64% (y = 0.10, O/Cl ratio 23.4:1) of the Li atoms. Similarly, for 
LiBr-doped glasses (cf. Figure 4.14(b)), more than 95% oxide contribution 
occurs for 18% (y = 0.20, O/Br ratio 10.4:1) to 64% (y = 0.10, O/Br ratio 
23.4:1) of the Li atoms. Therefore, any Lithium ion transport pathway has to 
run along sites with mixed oxide/halide or exclusive oxide coordination. 
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%Li atom number  
Figure 4.14. Distribution of relative contributions of a) Li – Cl bonds;             
b) Li – Br bonds to the BV sum of Li+ ions in the yLiX – (1 – y)(0.60Li2O – 






Figures 4.15 and 4.16 show the local environment of the Li
+
 ion sites 
located in the conduction pathways of investigated glasses (modelled as 
isosurfaces of constant Li bond valence sum mismatch) at 300 K. Although the 
pathways appear to be discontinuous ribbons in the displayed thin slices, 
nearly all the displayed pathway sections belong to the percolating pathway 
cluster if the complete 3-dimensional model is considered. The density of 
pathways slightly increases with increasing halide content (cf. Figures 4.15 
and 4.16), in line with the slight increase of ionic conductivity in these glasses, 
except for y = 0.15LiCl. It was noticed that the volume fraction of percolating 
pathways (F) in the LiBr-doped glasses increases from 6.67% at y = 0.10LiBr 
to 6.93% at y = 0.20LiBr, which is higher than that of LiCl-doped glasses 
correspondingly (F increases from 5.40% at y = 0.10LiCl to 5.80% at y = 
0.25LiCl). This contributes to higher ionic conductivity of LiBr-doped glasses 
when compared to LiCl-doped glasses for the same value of LiX doping       







Figure 4.15. Slices through the Lithium migration pathway network visualized 
as isosurfaces of constant Lithium bond valence sum mismatch |ΔV(Li)| in the 
glasses yLiCl – (1 – y)(0.60Li2O – 0.40P2O5) (y =  0.10 (top), 0.20 (bottom)) 
at 300 K, projected along the z-axis and superimposed on the respective glass 
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Figure 4.16. Slices through the Lithium migration pathway network visualized 
as isosurfaces of constant Lithium bond valence sum mismatch |ΔV(Li)| in the 
glasses yLiBr – (1 – y)(0.60Li2O – 0.40P2O5) (y =  0.10 (top), 0.20 (bottom)) 
at 300 K, projected along the z- axis and superimposed on the respective glass 
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y = 0.10LiBr 
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Using a bond valence mismatch value |ΔV(Li)| of 0.10 valence units (to 
allow for a comparison with existing reference data for a wide range of other 
oxide glasses), we could also show that the room temperature ionic 
conductivity in these glasses can be semi-quantitatively predicted from the 
structure model. Figure 4.17 relates the volume fraction of the percolating ion 
conduction pathways (F) in the investigated glasses to their experimentally 
observed absolute values of the ionic conductivity (dc) and activation energy 
(  
  ). Results of the present MD studies are compared with the previously 
reported reverse Monte Carlo (RMC) values [21]. As seen from Figure 4.17, 
the slight increase in F (i) when increasing the LiX (X = Cl, Br) dopant 
concentration y, or (ii) when replacing Cl
-
 ions by the same amount of more 
polarisable Br
-
 ions, leads to a slight increase in the ionic conductivity (dc) 
and a correspondingly slight decrease in the activation energy (  
  ), except for 











 LiCl doped glass







































 LiCl doped glass

















Figure 4.17. Variation of Li
+
 ion pathway volume fractions with                     
a) Experimental room temperature ionic conductivity (dc); b) Activation 
energy (  
  ). Solid symbols refer to data from RMC models [21]. Open 
symbols refer to MD-simulated data of yLiX – (1 – y)(0.60Li2O – 0.40P2O5) 





Using the concept of mass-radius dimension [22], we can further 
investigate details of the pathway structure. Firstly, as seen from Figure 4.18, 
the minimum value of local pathway dimension increases with rising LiX 
content, again except for y = 0.15LiCl. This minimum value of local 
dimension may be largely thought of as characterizing the width of the Li
+
 ion 
transport pathway at the bottleneck of elementary transport steps. Thus the 
increase of the local pathway dimension as a result of doping by the more 
polarisable X
-
 ions indicates that channels accessible for Li
+
 ion movement are 
widened by the doping. Secondly, it was noticed that the minima of local 
dimension for LiBr-doped glasses (increasing from 1.969 at y = 0.10LiBr to  
2.145 at y = 0.20LiBr) are higher than those for LiCl-doped glasses (rising 
from 1.876 at y = 0.10LiCl to 1.967 at y = 0.25LiCl). This is attributed to the 




 ions. Consequently, the 
reorganization of the bridged P – O – P chains by creating more space between 
them, which is caused to accommodate the X
- 
ion, is more effective for Br
-
 
ion, thus leading to broader channels for Li
+
 ion transport, when compared to 
Cl
-
 ion. This also contributes to the decrease of activation energy and the 
increase of ionic conductivity (i) when increasing LiX dopant content or (ii) 
when replacing Cl
-
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Figure 4.18. The local Li
+
 ion transport pathway dimension, Dm(r) versus 
radius (r) for yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses. Inside graphs 






Halide salt doped lithium phosphate glasses yLiX – (1 – y)(0.60Li2O – 
0.40P2O5) (where X = Cl, Br; y = 0, 0.10, 0.15, 0.20, 0.25) were prepared 
using melt quenching method. Number density and glass transition 
temperature (Tg) decrease with the increase of LiX content, indicating that the 
glass matrix becomes less rigid with the LiX addition. Replacement of Cl
-
 ions 
by the same amount of more polarisable Br
-
 ions leads to a higher Tg value. 
Ac conductivity and relaxation behaviour of 0.60Li2O – 0.40P2O5 glass 
doped with LiX have been studied as a function of temperature and frequency. 
The frequency dependent conductivity at different temperatures has been 
analysed using Jonscher‟s power law approach. The exponent n is ~0.9 and 
slightly depends on temperature, while the superposition of the reduced 
conductivity at all temperatures shows that the relaxation mechanism is 
temperature independent. Data have been analysed in the modulus formalism 
with a distribution of relaxation times using KWW stretched exponential 
function. The stretching exponent, β, is found to depend on temperature and 
LiX content. In addition, the average relaxation time () decreases (i) when 
increasing the LiX content or rising the temperature, or (ii) when replacing Cl
-
 
by the same amount of Br
-
 ion, which is in line with the decrease of activation 
energy and the increase of ionic conductivity. The analysis of the temperature 
variation of the M peak indicates that the observed relaxation process is 
thermally activated. The inferences drawn from the above analysis (i) 
Arrhenius dependence of relaxation peak on temperature and (ii) comparable 
values of activation energy obtained from conductivity and modulus analysis 
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suggest that the ion transport in the investigated materials follows the hopping 
mechanism. 
Optimised potential parameters reproduce the reported bond lengths and 
coordinations in the yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses. Moreover, 
experimental and simulated values of the ionic conductivity are in good 
agreement. For the investigated compositions ion transport cannot be related 
to the (previously presumed) LiX (X = Cl, Br) aggregates as such aggregates 
do not exist – at least in the simulated structures. Nearly all Li atoms have 
mixed oxide-halide coordinations.  
The effect of halide addition on the pathways for the mobility of Li
+
 ions 
is quantified for the phosphate glasses yLiX – ( 1 – y)(0.60Li2O – 0.40P2O5). 
Volume fraction for Li
+
 ion transport pathways and experimental conductivi-
ties accordingly exhibit an unusually small effect of halide doping. The 
volume fraction and the minimum value of the local pathway dimension 
increase (i) when increasing the LiX (X = Cl, Br) dopant concentration or (ii) 
when replacing Cl
-
 ions by the same amount of more polarisable Br
-
 ions. The 
higher minimum local dimension means the Li
+
 ion transport pathway is more 
open, i.e. channels for Li
+
 ion hopping become wider. As a result, doping by 
the more polarisable X
-
 ions causes lower activation energy (  
  ) and higher 
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Chapter 5  
 
Glass Formation, Structure, AC 
Conductivity Studies and Mobile 
Ion Transport Pathways in 
Borophosphate Glasses 






Besides the increase of network modifier (Li2O) and halide dopant (LiX) 
concentration as mentioned in Chapter 3 and 4 for lithium silicate and 
phosphate glasses, mixed glass former effect is also expected to further 
increase the ionic conductivity of the  glassy systems. Therefore, in this 
project lithium borophosphate glasses 0.45Li2O – (0.55 – x)P2O5 – xB2O3      
(0  x  1) were studied by keeping the molar ratio [Li2O]/([P2O5] + [B2O3]) 
constant to focus on the effect of mixed glass formers on the glass structure 
and Li
+
 ion mobility. 
Lithium borophosphate glasses are of technical interest as fast ion 
conductors with high chemical durability but also of theoretical interest as 
model substances for studies of the mixed glass former effect [1 – 5]. Since 
lithium borophosphate glasses present an ionic conductivity with orders of 
magnitude higher than their binary counterparts, these glasses are promising 
candidates for improved solid electrolytes in the next generation lithium 
batteries. Therefore, a detailed knowledge of composition-structure-property 
relationships plays an important role for a systematic design of these materials 
for the above applications. 
As mentioned in literature review, various studies have been done to 
understand the effect of compositions on structure and properties of 
borophosphate glasses. However the correlation of macroscopic dynamic 
properties such as glass transition temperature, ionic conductivity, etc. with 
structure in these materials is still not fully understood. There is still a debate 
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whether BPO4 units exist to a significant extent in the structural network of 
borophosphates and contribute to the enhancement of ionic conductivity. 
Besides, the role of cross-linking P – O – B linkages on the macroscopic 
properties also needs to be clarified. Therefore, further investigation on the 
structures and properties of borophosphate glasses have been undertaken in 
this work. 
There are very few studies on the structure and ion dynamics of mixed 
glass former systems using computational simulation such as ab initio, reverse 
Monte Carlo (RMC) Molecular Dynamics (MD) simulations. This may be due 
to their complex structures, which make it difficult to derive optimized 
potentials for modelling. MD simulations for borosilicate- and 
aluminosilicate-based glasses have been reported [6 – 8], but to my knowledge 
no such activities has been published so far for borophosphate glasses. 
Furthermore, the understanding of ion conduction mechanism in the 
borophosphate glassy systems and in particular the effect of B2O3 dopants on 
the ion transport pathways is still lacking. 
For the above reasons, the main aim of my study here is to investigate 
borophosphate glassy system 0.45Li2O – (0.55 – x)P2O5 – xB2O3 in order to 
further understand the influence of mixed glass former effect on cation 
mobility, as well as the relation between structure and ion transport pathways 
in these materials.  
Firstly, to attain this objective, 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses 
are synthesized and characterized using XRD, DSC, electrochemical 
impedance spectroscopy. Structures of the investigated glasses are analyzed by 
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using FT-IR, Raman and XPS spectroscopy. Ion dynamics in this system is 
also explored using analysis of frequency dependent conductivity and modulus 
formalisms to provide more information on ion transport mechanism and 
relaxation behavior.  
Secondly, structures of the borophosphate glasses are modelled by using 
MD simulation, followed by the quantification of ion transport pathways using 
bond valence (BV) approach, which is applied for the MD simulated 
borophosphate glasses. Bridging (BOs) and non-bridging oxygens (NBOs) of 
the simulated 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glass structures are 
calculated and compared to those as determined from deconvolution of XPS 
spectra in this study.  
It is noticed that for easier comparison with borophosphate glass series of 
slightly different network modifier content, the relative B2O3 content              
Y = [B2O3]/([B2O3]+[P2O5]) instead of x will be used where appropriate. 
5.2. Techniques 
5.2.1. Sample synthesis and properties characterization 
Please see Section 2.2.2 for the preparation of Li borophosphate glasses. 
The quenched samples were characterized by XRD (cf. Section 2.3.1). 
Density of glasses was measured by Pycnometry (cf. Section 2.3.2). The glass 
transition temperature (Tg) was determined using DSC (cf. Section 2.3.4). 
Ionic conductivity measurements of these glasses were carried out in the 
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frequency range of 150 Hz to 15 MHz and temperature range of 300 K to 479 
K (cf. Section 2.3.8). 
Fourier Transformed Infrared (FT-IR) spectra of the glasses were recorded 
in the wave number range of 400 – 4000 cm-1 at room temperature with the 
resolution of   4 cm
-1
 (cf. Section 2.3.5).  
Raman spectra were measured at room temperature on bulk glassy 
samples using Argon green laser (cf. Section 2.3.6). Deconvolutions of the 
spectra were carried out within the wave number range of 500 – 1400 cm-1. To 
achieve the best fits for all the experimental spectra, each Raman spectrum 
was fitted with Gaussian peaks using a least-square curve-fitting algorithm. 
The position of each band, band width, and its intensity are the adjustable 
parameters during the fitting. 
X-ray photoelectron spectroscopy (XPS) analyses of the glassy samples 
were also carried out (cf. Section 2.3.7 for more details). Each O1s spectrum 
was fitted with Gaussian peaks using a least-square curve-fitting algorithm. 
Peak positions, band widths and intensities were varied to obtain the best fit to 
each experimental spectrum. 
5.2.2. Molecular Dynamics (MD) simulations 
Constant volume (NVT) Molecular Dynamics (MD) simulations have 
been performed on structure models of 0.45Li2O – (0.55 – x)P2O5 – xB2O3 
(where 0.05 ≤ x  ≤ 0.35 or 0.09 ≤ Y ≤ 0.64). The volume of the simulation box 
is derived from our density determinations (Table 5.1). Optimized potential 
parameters shown in Tables 5.2 and 5.3 have been derived by fitting to 
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experimentally known bond lengths and coordination numbers. 
Table 5.1. Physical parameters of 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses, 
where Y = [B2O3]/([B2O3]+[P2O5]). 














Tg (K) F1/2 
0 0.00 2.330 39.28 7.98 x 10
-2
 561 0.342 
0.05 0.09 2.344 37.51 8.19 x 10
-2
 606 0.326 
0.10 0.18 2.398 35.15 8.56 x 10
-2
 636 0.333 
0.15 0.27 2.434 33.14 8.90 x 10
-2
 659 0.339 
0.20 0.36 2.447 31.49 9.18 x 10
-2
 682 0.350 
0.25 0.45 2.435 30.15 9.38 x 10
-2
 692 0.380 
0.30 0.55 2.405 29.03 9.54 x 10
-2
 698 0.396 
0.35 0.64 2.372 27.91 9.71 x 10
-2
 705 0.421 
0.40 0.73 2.334 26.81 9.88 x 10
-2
 720 0.458 
0.45 0.82 2.315 25.47 10.16 x 10
-2
 n.d.* - 
0.50 0.91 2.287 24.20 10.45 x 10
-2
 738 0.341 
0.55 1.00 2.246 23.04 10.71 x 10
-2
 715 0.346 
*n.d.: not determined; Tg: glass transition temperature; F1/2: thermodynamic 
fragility. 
Table 5.2. Optimized two-body potential parameters for 0.45Li2O –          
(0.55 – x)P2O5 – xB2O3 glasses. 
Interaction (i – j) Aij (eV) ijo (Å) 
P – O 740.25     0.290       
B – O 600.75     0.245       
Li – O 350.50     0.280       
O – O 6000.00     0.245       
P – P 3000.13     0.290       
B – P 3576.88     0.250       
Li – P 510.63     0.290       
B – B 2000.13     0.290       
Li – B 510.63     0.290       
Li – Li 1437.50     0.290       
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Table 5.3. Potential parameters for the three-body Vessal term in the forcefield 
for 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses (rc*: cut-off in rij and rik). 
Interaction (j – i – k) k (eV) 0 ij (Å) ik (Å) rc
*
 (Å) 
O – P – O 4.5000 109.47 2.8252 2.8252 3.00 
P – O – P 0.0129 135.58 1.5000 1.2322 2.60 
O – B – O 7.0000 109.47 2.2700 2.2700 2.10 
 
Starting at a temperature of 1500 K, the system was cooled by scaling 
velocities to 1000, 700, 500, 400 K and finally  to 300 K with a time step of    
2 fs and equilibration time of 100 ps. Equilibration runs at each of these 
temperatures were followed by production runs as a basis for the 
determination of the mean square displacement (MSD), which for the 
temperatures 1500 – 700 K extended over 400 ps, or over 900 ps for the 
temperatures 500 – 300 K below the glass transition temperature. Besides the 
Coulomb interactions the potential function Uij between atoms i and j involves 
a Born repulsion term (Buckingham potential with Cij =0) and a Vessal-type 
three-body term as follows: 
    
     
 
   
        
    
    
 
 
   
         
        
          
  
 
      
   
   
 
   




Here, Uij is the interatomic potential between atoms i and j, zi is the 
effective charge number of atom i, 0 is the equilibrium angle subtended by rij 
and rik. Aij, ij0, kij, ij and ik represent potential parameters. The ionic charges 




Bond valence analysis is then applied to the final equilibrated 
configuration obtained at 300 K. 
5.2.3. Bond valence (BV) approach 
More details of the Bond Valence approach can be found in Section 2.4.3. 
Determining which oxygens are bridging or not is frequently done by 
using radial cut-off criterion: how many P or B atoms there are within a 
specified distance of the oxygen. Here a threshold value of s(X-O) = 0.16 (where 
X = P or B) is used to decide whether an X – O interaction should be treated as 
a bond and hence whether an oxygen atom is bridging or non-bridging. 
Therefrom, bridging (BO) and non-bridging oxygens (NBO) of the simulated 
0.45Li2O – (0.55 – x)P2O5 – xB2O3 glass structures are calculated and 
compared to those as determined from deconvolution of XPS spectra in this 
study.  
5.3. Results and Discussion 
5.3.1. XRD, density and thermal studies 
No sharp Bragg peaks were observed from XRD within the ranges of       
0 ≤ Y ≤ 0.73 (0 ≤ x ≤ 0.40) and 0.91 ≤ Y ≤ 1 (0.50 ≤ x ≤ 0.55), confirming the 
glass forming regions of 0.45Li2O – (0.55 – x)P2O5 – xB2O3 system for usual 
melt quenching rates, as shown in Figure 5.1. Transparent glasses were 
obtained in these regions. However, at Y = 0.82 (x = 0.45), some Bragg peaks 
corresponding to crystalline Li3PO4 phase were identified on the amorphous 
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background (see Figure 5.1). This finding is in harmony with the phase 
diagram proposed by Magistris et al. [2].  
The mass density, molar volume, number density, glass transition 
temperature (Tg) and thermodynamic fragility (F1/2) values of all the 
investigated glasses are listed in Table 5.1. As the B2O3 content increases, Tg 
increases (cf. Figure 5.2(a)), while the glass density passes through a 
maximum at Y = 0.36 (x = 0.20) and then decreases (in agreement with the 
findings in [9]). Likewise, the number density exhibits a positive deviation 
from the general trend that is again most pronounced for Y = 0.36 (cf. Figure 
5.2(b)). The rise in Tg indicates that the glass matrix overall becomes stronger 
and more rigid with increasing B2O3 content, and with increased cross-linking 
of the glass network between phosphate chains through B – O – P bonds       
[4, 5]. Therefore the Tg versus Y curve exhibits a pronounced positive 
deviation from a Vegard-type linear interpolation between single glass former 
cases Y = 0 and Y = 1 (cf. Figure 5.2(a)).  
Thermodynamic fragility (F1/2) values were calculated according to:  
                         
(5.2) 
where   = Tg/Tg, and Tg is the width of the glass transition [10]. The 
increase of F1/2 with B2O3 content up to Y = 0.73 indicates that the glass 
system becomes more fragile, especially when the relative B2O3 content is in 
the range 0.30 < Y ≤ 0.73, the limit of the phosphate-rich glass forming region. 
For higher borate contents, F1/2 then decreases again towards the pure borate 
side (Y ≥ 0.91).   
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Figure 5.1.  XRD patterns of some 0.45Li2O – (0.55 – x)P2O5 – xB2O3            
(0 ≤ x ≤ 0.55 or 0 ≤ Y ≤ 1) glasses. The crystalline Li3PO4 peaks only present 



























































































Figure 5.2. Variation of a) Glass transition temperature (Tg); b) Number 
density with the relative B2O3 content Y (where Y = [B2O3]/([B2O3]+[P2O5])) 
in the 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses. The inset displays the 
excess number density when compared to the overall variation between the 
single glass former systems. 
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5.3.2. FT-IR, Raman and XPS spectra 
5.3.2.1. FT-IR spectra 
FT-IR spectra of 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses are shown in 
Figure 5.3.  The band around 1330 – 1450 cm-1 contributes to the B – O 
stretching vibrations of trigonal BO3 units, and is clearly evident in the spectra 
of compositions Y ≥ 0.64 (x ≥ 0.35) [11]. The band near 1260 – 1280 cm-1 is 
assigned to out-of-chain  (PO2)AS  vibrations  of  Q
2
  units, the asymmetric  
stretching mode of the two non-bridging oxygen atoms bonded to phosphorous 
atoms in the PO4 tetrahedra  [12 – 15]. This band shifts to lower wave 
numbers with the increase of B2O3 content, and for 0.36 ≤ Y ≤ 0.73 is replaced 
by the band near 1200 cm
-1
, which can be assigned to P = O vibrations, then 
disappear for Y > 0.73 [16]. In the pure borate glass 0.45Li2O – 0.55B2O3, the 
relatively weak band at 1200 – 1280 cm-1 is also attributed to the B – O 
stretching vibrations of metaborate chains (BO3 with one non-bridging 
oxygen) [17]. 
The absorption band at around 1160 cm
-1
, which can be ascribed to the 
PO2 symmetric stretching mode, ((PO2)S in Figure 5.3), gradually loses 
intensity when Y increases and disappears for Y > 27 (x > 0.15) [12]. The band 
near 1100 cm
-1
 is assigned to P – O- units of PO4 tetrahedra in the chain 
structure [18, 19]. The absorption band near 1000 – 1055 cm-1 may be 
attributed to the symmetrical stretching modes in both PO4 and BO4 groups 
[11, 16]. The relatively weaker absorption bands near 950 – 960 cm-1, which 
increase in intensity towards boron side, and 840 cm
-1
 can be assigned to        
B – O stretching modes of BO4 units and symmetric stretching (P – O – B) 
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linkages, respectively [11, 16].  
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Figure 5.3. FT-IR spectra of 0.45Li2O – (0.55 – x)P2O5 – xB2O3 glasses         
(0 ≤ x ≤ 0.55 or 0 ≤ Y ≤ 1); where Y = [B2O3]/([B2O3]+[P2O5]). 
As seen in Figure 5.3, the absorption bands near 910 cm
-1
 and 745 – 775 
cm
-1
 are attributed to the asymmetric, (P – O – P)AS, and symmetric stretching 
modes, (P – O – P)S, of the in-chain P – O – P linkages respectively [18]. 
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These bands gradually lose intensity with the increase of B2O3 content and 
disappear for Y > 0.27. The band 700 – 750 cm-1, which emerges at the rich-
borate side (Y ≥ 0.64), is ascribed to the bending vibrations of O – B – O 
bridges of borate network [11]. The absorption bands near 450 – 600 cm-1 are 
ascribed to the bending modes of PO4 and P – O – B [16, 18]. 
It should be noticed that FITR spectra were only used as a supporting tool 
to firstly identify the possible structural units existing in the glass structures 
(due to their limited resolution). Thereafter, a more detailed investigation of 
the variation in the glass structures with B2O3 addition was carried out using 
Raman and XPS studies.   
5.3.2.2. Raman spectra 
Structural changes with the replacement of P2O5 by B2O3 in these glasses 
are also observed in the Raman spectra (see Figure 5.4). Money et al. [4] have 
reported the formation of borophosphate units (BPO4) at 1116 cm
-1
 in the 
Raman spectra of 0.50Li2O – (0.50 – x)P2O5 – xB2O3 glasses for Y  0.30 (or 
x ≥ 0.15). They suggested that these BPO4 units account for the increase in the 
conductivity and decrease in the activation energy for ion migration, while – 
as mentioned in the literature review – Munoz et al. [5] have recently offered 
an alternative explanation since a formation of BPO4 units is not seen in their 
NMR data. To clarify this question, our Raman spectra of 0.45Li2O –        
(0.55 – x)P2O5 – xB2O3 (0 ≤ Y ≤ 1) glasses were deconvoluted to see in detail 
the effects of structural modifications.  
Because the bands below 500 cm
-1
 are attributed to bending and torsional 
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vibrations in phosphate glasses [20, 21], the range of wave number for 
deconvolution of Raman spectra is taken from 500 – 1400 cm-1. Figure 5.5 
illustrates the deconvolution of spectrum for 0.45Li2O – 0.30P2O5 – 0.25B2O3 
(Y = 0.45) glass as an example. From the deconvolution, the fraction of 
structural units is taken as proportional to the area of their characteristic 
component bands. 
For pure phosphate glass 0.45Li2O – 0.55P2O5 (Y = 0), the bands at 
around 1290 and 1172 cm
-1
 are assigned to the asymmetric and symmetric 
stretching vibrations O – P – O of two non-bridging oxygens in the PO4 
tetrahedra, respectively [22 – 24]. With the addition of B2O3, the band at 1290 
cm
-1
 steadily shifts to lower frequencies down to 1200 cm
-1
 at Y = 0.64 and 
disappears for Y ≥ 0.73, while the band at 1172 cm-1 similarly shifts to the 
lower frequencies around 1100 cm
-1
 up to Y = 0.91 [22 – 24]. From our 
deconvolution it could not be clarified, whether the band near 1100 cm
-1
 
includes a contribution from BPO4 units (as claimed by Money et al. [4]).  
For the glass compositions within the range 0 ≤ Y ≤ 0.73, the band at 
around 700 cm
-1
 is attributed to stretching vibration of P – O – P groups of 
  n
n3
PO  chains [22 – 24]. From Raman deconvolutions, the total fraction of 
the bands at 1290 – 1200 cm-1, 1172 – 1100 cm-1 and 710 cm-1, which are 
responsible for the stretching vibrations of   O – P – O and P – O – P groups of 
various phosphate chains, is found to decrease with B2O3 addition, as shown in 
Figure 5.6(a). 
In the lithium borophosphate glasses, the band around 1045 – 1000 cm-1, 
which appears for 0.27 ≤ Y ≤ 0.91, is previously assigned to overlapping 
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vibrations of pyrophosphate, and (P – O – B)- groups which are P – O – B 
bonds where the excess negative charge on the BO4 units is compensated by 
Li
+
 cations [22 – 24]. However, in the pure borate glasses, this band is also 
attributed to diborate groups (see Figure 5.4 for Y = 1) [27]. Furthermore, as 
suggested in [5], pyrophosphate (P2O7)
4-
 units cannot be considered as 
completely detached structural entities, as they may be involved in P – O – B 
linkages. Therefore, the band around 1045 – 1000 cm-1 is finally attributed to 
P – O – B bonds. Besides, the band around 670 – 620 cm-1, which appears for 
0.09 ≤ Y ≤ 0.73, is also assigned to P – O – B bonds [22, 24]. Figure 5.6(a) 
shows the contribution of P – O – B bonds from the two bands 1045 – 1000 
cm
-1
 and 670 – 620 cm-1. The fraction of P – O – B bonds rises with the 
increase of B2O3 content, and passes through a maximum at Y = 0.55.  
For the pure borate glass 0.45Li2O – 0.55B2O3 (Y = 1), the bands at 930, 
970 and 1100 cm
-1
 are observed and attributed to diborate groups [25]. The 
appearance of 770 cm
-1
 band may be assigned to triborate groups [22, 25]. 
Besides, the very weak bands at 844 cm
-1
 and 694 cm
-1
 in the              
0.45Li2O – 0.55B2O3 glass are characteristic of pyroborate and chain-type 
metaborate groups, respectively [11, 25]. These pyroborate and chain-type 
metaborate bands are also observed with the small addition of P2O5 content, 
i.e. for Y = 0.91 and 0.82 (cf. Figure 5.4). The diborates band at 900 – 970cm-1 
and 1100 cm
-1
 emerges for 0.18 ≤ Y ≤ 1 and Y  0.82 respectively. The peak at 
950 cm
-1
 observed in the borophosphate glasses for 0.64 ≤ Y ≤ 0.82 is the 
indication of isolated (PO4)
3-
 units [22, 24]. This assignment is supported by 
the formation of crystalline Li3PO4 from XRD pattern at Y = 0.82. Similarly, 





observed for Y ≥ 0.64 (x  0.35) and accounts for triborate groups [22]. In 
addition, the band at 500 cm
-1
, which is attributed to loose BO4 and loose 
diborate units, appears for 0.09 ≤ Y ≤ 0.73 [11, 25]. 





























Figure 5.4. Raman spectra of all the 0.45Li2O – (0.55 – x)P2O5 – xB2O3 




Figure 5.5. Band deconvolution for Raman spectrum of 0.45Li2O – 0.30P2O5 – 
0.25B2O3 (Y = 0.45) glass. Black dots: experimental spectrum, red line: fitted 
spectrum. 
Figure 5.6(b) shows the total fraction of all the bands (500, 694, 770, 844, 
900 – 970, 1100 cm-1) related to the vibrations of borate groups as discussed  
above. The fraction of these bands firstly increases for 0.09 ≤ Y ≤ 0.27, which 
is due to the increase of loose BO4 units and diborate groups, as supported 
from NMR studies where the fractions of BO4 units are predominant and 
increase up to Y = 0.27 for the same system [26]. For       0.36 ≤ Y ≤ 0.55, the 
reduction of these bands is due to the rise of P – O – B linkages, which lead to 
the decrease of separate borate and phosphate entities (cf. Figure 5.6(a) and 
5.6(b)). With higher boron contents (Y ≥ 0.64), the increase in the fraction of 
borate groups up to 100% for the pure borate composition (Y = 1) is certainly 
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due to the decrease of B – O – P linkages and phosphate groups. 





































































Figure 5.6. Fractions of a) (P – O – P & O – P – O) and P – O – B;                  
b) overlapping vibrations of various borate groups (loose BO4 and loose 
diborate units, diborates, pyroborates, chain-type metaborates, triborates) as 




5.3.2.3. XPS spectra 
Typical O1s XPS spectra for the 0.45Li2O – (0.55 – x)P2O5 – xB2O3             
(0 ≤ x ≤ 0.55 or 0 ≤ Y ≤ 1) glasses together with curve fittings are illustrated in 
Figure 5.7. Since oxide ions in the lithium borophosphate system have 
different types of chemical bonding, a deconvolution of the O1s spectrum can 
be used to analyze the bonding states of oxide ions. As seen from Figure 
5.7(a), O1s spectra for the parent phosphate glass (Y = 0) can be decomposed 
into two components: The high and low binding energy peaks around 533.2eV 
and 531.5eV are assigned to P – O – P (bridging oxygens (BOs)) bonds, and 
non-bridging oxygens (NBOs) respectively. In the pure phosphate glasses with 
high P2O5 contents, NBOs include both double bonded P = O and P – O
-
, and 
it is difficult to distinguish these two types of oxygen [18, 27, 28]. In the 
borate glasses, the high and low binding energy peaks are analogously 
attributed to  B – O – B (BOs) bonds, and B – O- (NBOs) bonds, respectively 
[29]. It was noticed that the separation between bridging (BOs) and non-
bridging (NBOs) oxygens for the pure borate glass (cf. Figure 5.7(f)) is not 
pronounced as that for pure phosphate glass (cf. Figure 5.7(a)), but the 
distribution of BOs and NBOs (fraction of NBOs = 0.205, and fraction of BOs 
= 0.795) in the 0.45Li2O – 0.55B2O3 (Y = 1) glass from this XPS analysis (cf. 
Figure 5.8) is in very good agreement with the values obtained from NMR 
studies [30]. 
With the addition of B2O3 into the parent phosphate glass, the high 
(around 533.2 ± 0.4eV) and low binding energy peak (around 531.4 ± 0.3eV) 
should represent the overlapping contributions from P – O – P and B – O – B 
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bonds, and from P = O, P – O- and B – O- (NBOs) bonds, respectively. For 
0.09 ≤ Y ≤ 0.55, besides P – O – P, B – O – B, P = O, P – O-, B – O- bonds, a 
third intermediate O1s peak around 532.4 ± 0.4eV emerges that can be 
assigned to P – O – B bonds in line  with  the  intermediate bond asymmetry of 
this oxygen bonding [28, 31]. With further addition of B2O3 content              
(Y > 0.55), there is a shift of (P – O – P and B – O – B) peak from 532.9eV for 
Y = 0.64 to a lower binding energy up to 531.8eV corresponding to B – O – B 
peak for Y = 1, while the P – O – B peak shifts down from 532eV (Y = 0.64) 
to  531.6eV (Y = 0.91). The position of NBO peaks of 531.4eV remains nearly 
unchanged with the B2O3 addition in the investigated system. 
It was found that the fraction of (P – O – P & B – O – B) bonds decreases 
and the fraction of P – O – B bonds increases with rising B2O3 content up to   
Y = 0.55, as shown in Figure 5.8(a). In good agreement with the finding from 
Raman analysis (cf. Figure 5.6(a)) the observed increase of cross-linking P – O 
– B bonds is the main cause for the pronounced increase of Tg (cf. Table 5.1) 
up to Y = 0.55. For Y > 0.55 the contribution of (P – O – P & B – O – B) 
bonds increases suddenly due to the increase of B – O – B bonds (as Raman 
analysis showed that the number of P – O – P bonds continues to decrease with 
rising B2O3 content also for Y > 0.55, while as to be expected the contributions 
of borate groups increase up to 100% for Y = 1 (cf. Figure 5.6). Consequently, 
P – O – B bonds decrease for Y > 0.55 (cf. Figure 5.8(a)).  
In addition, the fraction of non-bridging oxygens (NBOs) was found to 
decrease continuously with the increase of B2O3 content for Y ≥ 0.18, and 
reach to a value of 0.205 for Y =1 (cf. Figure 5.8(b)). This finding is similar to 
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that of Brow for Zn borophosphate glasses [28]. The correlation between these 
structural changes and conductivity will be discussed hereafter. 
 
 
Figure 5.7. O1s spectra of 0.45Li2O – (0.55 – x)P2O5 – xB2O3 (0 ≤ x ≤ 0.55 or 
0 ≤ Y ≤ 1) glasses and their peak deconvolution; Y = [B2O3]/([B2O3]+[P2O5]). 
Black dots: experimental spectrum, red line: fitted spectrum, dashed lines with 
blue, cyan and pink colours: O1s components from deconvolution. 
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Figure 5.8. Fractions of a) (P – O – P & B – O – B) and P – O – B; b) Non-
bridging oxygens (NBOs) with the relative B2O3 content (Y) as determined 
from O1s spectra decomposition; Y = [B2O3]/([B2O3]+[P2O5]).  
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5.3.3. Structure model 
A model of the borophosphate structure is developed  that allows one to 
check the plausibility of the various experimental findings, such as the relative 
fractions of non-bridging oxygens (NBOs), bridging oxygens (BOs)           
(i.e., P – O – P, B – O – B and P – O – B bonds) present in the borophosphate 
glassy system 0.45Li2O – (0.55 – x)P2O5 – xB2O3 or equivalently 0.45Li2O – 
0.55[(1 – Y)P2O5 – YB2O3]  (0 ≤ Y ≤ 1). 
In the pure phosphate glass 0.45Li2O – 0.55P2O5 (Y = 0), the expectation 
value for the fraction of NBOs (fNBO = 0.62) and BOs (fBO = 1 – fNBO = 0.38) 
can be calculated using the Equation (1.28) in Chapter 1. Since this phosphate 
glass is close to the metaphosphate composition, its structure is mostly made 
up of Q2 units with two NBOs (cf. Equations 1.25(a) and 1.25(b)). It should be 
kept in mind that the replacement of one formula unit of P2O5 by B2O3 will 
also reduce the number of oxygens in the system by 2. With the B2O3 addition, 
both BO3 and BO4 units can be incorporated into the parent phosphate 
network. Therefore the number of NBOs in the glass will be reduced by 2 for 
each BO4 unit or by 1 for each BO3 unit that is introduced. As the fraction of 
BO4 units (N4) and hence the fraction of BO3 units (N3, where N3 = 1 – N4) 
were known for this borophophate system, in which N4 ranges from 0.70 for  
Y = 0.09 up to the maximum of 0.86 for Y = 0.27 and then continuously 
decreases to the value of 0.42 for Y = 1 (pure borate) [26, 30], it becomes 
feasible to predict the variation of the NBO fraction as a function of the 
relative borate content Y.  
To judge the role of P – O – B units for the borophosphate glass structure, 
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their concentration variation as a function of Y is compared to expectation 
values for any type of bridging oxygens that would result from a random 
distribution of B and P in the network.  To quantify the deviation of the 
experimentally observed concentrations from this random distribution, a 
relative preference factor  for the P – O – B formation is introduced, 
assuming that the P – O – P and B – O – B concentrations are uniformly 
reduced by the respective factor. Therefore, for a 0.45Li2O – 0.55[(1 – Y)P2O5 
– YB2O3] glass, the relative fractions of the four possible oxygen species can 
be described by: 
                              (5.3a) 
                          (5.3b) 
      
       
      
                  (5.3c) 
      
       
      
              (5.3d) 
                      (5.3e) 
where fNBO, fPOB,  fPOP,  fBOB are the relative fractions of NBOs, P – O – B,         
P – O – P and B – O – B bonds respectively. NNBOp represents the number of 
NBOs in one formula unit of the parent phosphate glass, and equals to     
NNBOp ≈ 1.80 in the case of 0.45Li2O – 0.55P2O5 (Y = 0).  NO is the total 
number of oxygens per formula unit, while N4, N3 are the relative fractions of 
BO4 and BO3 units, respectively, in the glass.  is the preference factor for the 
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P – O – B formation. A comparison of the model to the P – O – B bond 
fractions determined from XPS data yields a value of  = 1.65 for the only fit 
parameter in the model, indicating that for the glass composition 0.45Li2O – 
0.55[(1 – Y)P2O5 – YB2O3]  P – O – B groups occur 1.65 times more 
frequently than they should for a random distribution of P and B. Thus there is 
a highly significant preference for the formation of networks in which the 
cations P and B alternate (as they also do in crystalline BPO4).    
Figures 5.9 and 5.10 shows the estimated values (solid lines) for NBOs,   
P – O – P, B – O – B and P – O – B bonds together with the experimental 
values from XPS data. A good agreement is observed for both the estimated 
from the relationships in Equations 5.3(a) – 5.3(d) and the experimental 
results. 























Figure 5.9. Relative fraction of non-bridging oxygens (NBOs) estimated from 
the proposed structure model and XPS data. Solid line represents the values 
predicted from the model, while the symbols (full circles) are the experimental 

























































Figure 5.10. Relative fractions of the estimated values from the proposed 
structure model and XPS data for a) P – O – P and B – O – B bonds;              
b) P – O – B and (P – O – P & B – O – B) bonds. Solid lines represent the 
values predicted from the model with a preference factor of  = 1.65, while the 




5.3.4. Impedance analysis 
A series of Nyquist plots of 0.45Li2O – 0.40P2O5 – 0.15B2O3 (Y = 0.27) 
glass at different temperatures together with equivalent circuit for curve 
fittings is shown in Figure 5.11. Figure 5.12 then demonstrates that the dc 
ionic conductivity follows the Arrhenius-type behaviour.  
            
  
   
  (5.4) 
where σ0 is the pre-exponential factor and kB is Boltzmann‟s constant. 
Activation energies (Ea) for ion migration calculated according to Equation 
(5.4) are shown in Figure 5.13 together with dc ionic conductivity (σdc) values 
at room temperature. 
 
 
Figure 5.11. Nyquist plots of 0.45Li2O – 0.40P2O5 – 0.15B2O3 (Y = 0.27) 









































Figure 5.12. Arrhenius plots for the temperature dependence of the 
conductivity of 0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] glasses with                 
0 ≤ Y ≤ 0.55; Y = [B2O3]/([B2O3]+[P2O5]). 










































Figure 5.13. Logarithm of ionic conductivity (σdc) at room temperature and 
activation energy (Ea) as a function of the relative B2O3 content (Y). Solid 
lines: polynomial fits (ignoring the values of σdc and Ea in the crystallized 









; for σdc: a = -9.52; b1 = 10.36; b2 = -16.83; b3 = 
31.51; b4 = -50.59; b5 = 28.13; for Ea: a = 0.86; b1 = -0.84; b2 = 1.23;              
b3 = -2.24; b4 = 3.65; b5 = -2.06. 
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As seen from Figure 5.13, the ionic conductivity (σdc) rises and the 
activation energy (Ea) drops with the increase of B2O3 content in the 0.45Li2O 
– 0.55[(1 – Y)P2O5 – YB2O3] glasses. Both σdc and Ea then reach nearly 




 at room temperature and Ea ≈ 0.63eV 
for 0.45 ≤ Y ≤ 0.73. It was noticed that the much lower value of σdc at             
Y = 0.82, which corresponds to a much higher value of Ea, is due to the 
appearance of crystalline lithium orthophosphate (Li3PO4) within the glass 
matrix (as mentioned above in the discussion of XRD and Raman data), which 
obstruct Li
+
 ion movement and hence reduce significantly the ionic 
conductivity. The borate-rich glass phase with Y close to 1 then again exhibits 





 and Ea = 0.61eV for the pure borate glass (Y = 1), though 
the statistical precision of the latter trend is limited by the small number of 
data points for this composition range. 
The increase in σdc up to Y ≈ 0.5 is in good agreement with reports by 
Magistris et al. for similar borophosphate glasses [2]. The variation of ionic 
conductivity can be explained in terms of cross-linking of phosphate chains 
through P – O – B bonds. Here, P – O – B bonds containing BO4 units        
(“B-(OP)4“) can be expected to have a stronger structure modifying – and 
hence conductivity enhancing – effect than the (initially few) bonds by BO3 
units (“B-(OP)3”).  
The linear variation of log(σdc) and Ea in the region 0 ≤ Y ≤ 0.27 (cf. 
Figure 5.13) may be linked to the linear increase of P – O – B bonds (cf. 
Figure 5.6(a) and 5.8(a)), which are mostly B-(OP)4 linkages [26]. The 
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maximum fraction of P – O – B bonds at Y = 0.55 may be responsible for the 
maximum in σdc and the minimum in Ea at this composition for 0 ≤ Y ≤ 0.91. 
For 0.36 ≤ Y ≤ 0.55, N4 values (i.e. the fraction of BO4 units) decrease from 
0.78 for Y = 0.36 to 0.55 for Y = 0.55, which means that N3 values (fraction of 
BO3 units) increase [26]. The gradual decrease of B-(OP)4 bonds and the 
corresponding increase of BO3 units limits the further conductivity 
enhancement. For 0.55 < Y ≤ 0.91, the decrease of P – O – B bonds, which 
may be due to the more pronounced decrease of B-(OP)4 linkages, accounts 
for a plateau of the ionic conductivity. 
5.3.5. Model for the calculation of ionic conductivity 
To achieve a more quantitative insight into the leading order factors 
determining the conductivity variation, the room temperature ionic 
conductivity (dc) is linked to the relative concentration of the different 
oxygen species in the simple structure model explained in section 5.3.3 (cf. 
Equation 5.3(a) – 5.3(d)). After eliminating terms with the lowest effect on the 
conductivity variation, the room temperature ionic conductivity (dc) of the 
borophosphate glass 0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] as a function of 
the borate content Y may be expressed using the following relationship: 
                                                           (5.5) 
The values of dc at room temperature determined from the above 
relationship are shown together with the experimental ones from impedance 
spectroscopy (except for the data points at Y = 0.82 and 0.91 that might be 
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affected by minor fractions of crystalline phases) in Figure 5.14. As seen there, 
the model provides a quantitative description of the experimental conductivity 
variation. 

































Figure 5.14. Ionic conductivities (dc) at room temperature estimated from the 
proposed model and from the impedance spectroscopy. Solid line represents 
the values predicted from the model (cf. Equation 5.5), while the full circles 
are the experimental values from impedance spectroscopy. 
 
While the absolute values of the coefficients may have a limited 
reliability, it is clear that extended P – O – P regions will seriously reduce the 
conductivity, while introducing P – O – B units into a P – O – P region is the 
main contributing factor for the conductivity enhancement. Without 
introducing the cross term          an accurate description of the conductivity 
variation is not possible. While P – O – B units are important for the high 
conductivity of the mixed glass former system, it is not just the P – O – B 
concentration, but also the intermediate range arrangement of the elementary 
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structure building blocks that controls the conductivity variation.  
5.3.6. Frequency dependence of ionic conductivity () 
Figure 5.15 shows frequency-dependent conductivity plot of log(σ) versus 
log() at different temperatures for the composition 0.45Li2O – 0.45P2O5 – 
0.10B2O3 (Y = 0.18). Three distinct regions in the conductivity spectra are 
observed for the compounds at above room temperatures: (i) the high 
frequency dispersion region ( > 104 Hz), (ii) the central plateau region, 
which is also called dc regime and (iii) the low frequency dispersion region. 
 
Figure 5.15. Log-log plot of σ vs. at different temperatures for 0.45Li2O – 
0.45P2O5 – 0.10B2O3 (Y = 0.18) glass (From bottom to top: 370 K to 436 K). 
The frequency dispersion characteristics in the high frequency and central 
plateau regions can be analyzed using Jonscher‟s universal power law relation, 
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  (5.6) 
where σ(0) is the frequency-independent dc conductivity of the sample, AT is a 
weakly temperature-dependent quantity and n is the power law exponent       
(0 < n < 1). As the temperature increases, the frequency at which the 
dispersion becomes prominent shifts to higher frequencies, as the kinetic 
energy of the ions increases. The low frequency dispersion observed for 
compositions at various temperatures is due to the electrode polarization as a 
result of the accumulation of mobile ions at the interface. This space charge 
accumulation is more effective at lower frequencies. Therefore, the total 
conductivity (σ) of the compound decreases as frequency decreases at a given 
temperature as seen in Figure 5.15.  
The characteristic frequency corresponding to the onset of high frequency 
conductivity dispersion is identified with the hopping frequency (ωp), and is 
determined using the relation σ(ωp) = 2σdc [32]. ωp is found to increase with 
temperature and B2O3 content up to Y = 0.73 (cf. Figure 5.16). For Y > 0.73, 
the variation of ωp follows the variation of dc conductivity (σdc). The 
temperature dependence of ωp obeys the Arrhenius-type behaviour. The 
resulting hopping activation energies (  
  
) are comparable to those of dc 
conductivity (  
  ) as shown in Figure 5.17, which suggests that the relaxation 
mechanism requires charge carriers to cross the same energy barriers as for the 
dc conduction process [32].  
198 
 








 Y = 0
 Y = 0.09
 Y = 0.18
 Y = 0.27
 Y = 0.36
 Y = 0.45
 Y = 0.55
 Y = 0.64
















Figure 5.16. Arrhenius plots for the temperature dependence of the hopping 
frequency (ωp) of the 0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] glasses. 


















Figure 5.17. Comparison of activation energies (Ea) for dc conductivity (σdc) 
and hopping frequency (ωp); Y = [B2O3]/([B2O3]+[P2O5]). Solid lines: 




Scaling of ac conductivity data for ionically conducting glasses and 
amorphous semiconductors to construct a master curve in order to realize a 
common underlying behaviour was reported previously [32 – 34]. The ac 
conductivities obtained at different temperatures follow the relation, 
    
   
   
 
    
  (5.7) 
where F is a temperature-independent scaling function, T is temperature in 
Kelvin. Figure 5.18 shows the scaling of the ac conductivity spectra of 
0.45Li2O – 0.45P2O5 – 0.10B2O3 (Y = 0.18) glass at different temperatures. A 
single master curve is obtained, indicating the relaxation behaviour is 
temperature-independent. Since the concentration of the network modifier 
Li2O and hence the mobile ion concentration remain constant in the 
investigated system, the master curves for different glasses fall on a common 
super master curve (except for the low frequency region) (cf. Figure 5.19) 
without the need for an additional scaling by the mobile ion concentration as 
proposed by Roling et al. [33]. This corroborates the hypothesis of a universal 
ionic relaxation process in these glasses. It should be noticed that the findings 
from σ(ω) analysis in these borophosphate glasses are consistent with our 
earlier findings in the halide-doped lithium phosphate glasses (see Chapter 4, 
Sections 4.3.3).  
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Figure 5.18. Logarithm of (σ/σdc) vs. (/σdcT) for 0.45Li2O – 0.45P2O5 – 
0.10B2O3 (Y = 0.18) glass at various temperatures (T). 
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Figure 5.19. Conductivity super master curve for the borophosphate glasses 




5.3.7. Modulus analysis 
The analysis of impedance data in the modulus formalism suppresses the 
electrode effects in extracting the conductivity relaxation times. The electric 
modulus data can be obtained from the complex impedance data using the 
relation, 
              
  (5.8) 
where C0 is the vacuum capacitance,
*Z is the complex impedance. 
Figure 5.20 shows the variation of the imaginary part of electric modulus 
(M”) with frequency () at different temperatures for 0.45Li2O – 0.35P2O5 – 
0.20B2O3 (Y = 0.36). The M peaks are asymmetric and broader on both sides 
of the maxima than to be expected for an ideal Debye behaviour. The peak in 
M shifts toward higher frequencies with increase in temperature. The 
asymmetric M peak indicates a stretched exponential character of relaxation 
times () of the material, which can be described by the empirical KWW 
function (see Equation (4.7)). 
The solid lines through the modulus spectra in Figure 5.20 show the fits in 
good agreement with the experimental data. The average β value is found to 
depend on B2O3 content and temperature. The superimposed plots of 
M/Mmax vs. log (/max) onto a single master curve at different temperatures 
suggest that the dynamical processes governing conductivity relaxations at 
different frequencies remain the same over the investigated temperature range 
(cf. Figure 5.21). Furthermore, as mobile ion concentration of the investigated 
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glasses keeps constant, the M”/M”max master curves for different glasses 
overlap onto a common super master curve (cf. Figure 5.22) without any 
additional scaling, indicating that the ionic relaxation is universal in these 
glasses.  
The temperature dependence of peak frequencies (ωmax) also obeys the 
Arrhenius relation              
        , where   
     is the 
activation energy for the electrical relaxation (cf. Figure 5.21). The values of 
  
     are comparable with the values obtained from temperature-dependent 
conductivity study, and the peak frequency (ωmax) is found to rise with 
temperature and B2O3 content, except for the crystallized sample Y = 0.82.  




















Figure 5.20. Variation of M” with frequency () at different temperatures for 
0.45Li2O – 0.35P2O5 – 0.20B2O3 (Y = 0.36) glass. Solid lines: fitted data. 
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Figure 5.21. Normalized plots of M”/M”max vs. log(/max) at different 
temperatures for 0.45Li2O – 0.35P2O5 – 0.20B2O3 (Y = 0.36) glass. Inset: 
Arrhenius plot of peak frequencies max. 
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Figure 5.22. Modulus super master curve for the borophosphate glasses 




5.3.8. MD simulations and BV analysis 
Figures 5.23 and 5.24 show the pair correlation function (PCF) and 
running coordination (RCN) of different bonds for the typical glass 0.45Li2O – 
0.20P2O5 – 0.35B2O3 (Y = 0.64). The simulated bond lengths of P – O, B – O, 
Li – O are around 1.53 Å, 1.42 Å and 2.05 Å respectively, which agree very 
well with their experimentally reported values [35, 36]. The plateau region of 
RCN for P – O at 4 (cf. Figure 5.23) implies the presence of PO4 tetrahedra, 
while there is a gradual increase of RCN for B – O from 3 to 4 (cf. Figure 
5.24(a)), which indicates the existence of both trigonal BO3 and tetrahedral 
BO4 units in these borophosphate glasses as revealed from NMR studies [26].  






















Figure 5.23. Pair correlation function (PCF) and running coordination (RCN) 



















































Figure 5.24. Pair correlation function (PCF) and running coordination (RCN) 




Figure 5.25 depicts the presence of PO4, BO4 tetrahedra and BO3 triangles 
in the MD generated configuration of 0.45Li2O – 0.35P2O5 – 0.20B2O3             
(Y = 0.36) glass at 300 K. The cross-linking of the glass network between 
phosphate chains through P – O – B bonds is clearly observed in the simulated 
structures. MD simulations also quantitatively reproduce the experimental 
values of ionic conductivity, as shown in Figure 5.26. 
 
 
Figure 5.25. Structure of 0.45Li2O – 0.35P2O5 – 0.20B2O3 (Y = 0.36) glass at 
300 K. Oxide atoms (orange spheres) are around P (olive tetrahedra) and B 
(violet tetrahedra and triangles). Li atoms: red spheres. Only 1/4 of the 





































Figure 5.26. Comparison of ionic conductivities for the borophosphate glasses 
0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] (0.09 ≤ Y ≤ 0.64) with the relative 
B2O3 content (Y) at 300 K . The lines are polynomial fits of data. 
Final equilibrated MD configurations at 300 K of the borophosphate 
glasses 0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] (0.09 ≤ Y ≤ 0.64) are used for 
bond valence (BV) analysis. The fractions of bridging (P – O – P, B – O – B,  
P – O – B) and non-bridging oxygens (NBOs) are quantified using the    
above-mentioned BV criterion. The number of P – O – P bonds decreases and 
B – O – B bonds increases as expected with the rise of B2O3 content (cf. 
Figure 5.27(a)). The total fraction of simulated (P – O – P and B – O – B) 
bonds shows a decrease up to Y = 0.45, then increase (cf. Figure 5.27(b)). In 
addition, the fraction of simulated P – O – B bonds rises with the increase of 
B2O3 content and passes through a maximum at Y = 0.45 (cf. Figure 5.28(a)). 
This trend is qualitatively similar to the variation on the P – O – B bond 
concentration assessed experimentally from XPS spectra (and also from 
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Raman spectra), except that the peak value of the experimental data is shifted 
slightly to Y = 0.55.  A description of the MD-simulated glasses by our 
preference factor approach described in section 5.3.3 shows that P – O – B 
units again occur more frequently than to be expected for a random 
distribution of P and B. The somewhat lower preference factor  ≈ 1.4 
observed for the MD-simulated structure when compared to the XPS results ( 
≈ 1.65) probably indicates that the structure evolution in the simulated glass 
corresponds to a system with a significantly faster quenching rate and 
correspondingly higher degree of disorder. The close correlation between 
experimental and simulated characteristic parameters of the glasses also 
includes the values of Tg (cf. Table 5.1) and ionic conductivity σdc (cf. Figure 
5.13) observed in this study, as well as from Magistris et al. for similar 
borophosphate glasses [2]. Besides, the fraction of NBOs is found to decrease 
continuously with the rise of the B2O3 content, as shown in Figure 5.28(b), in 
good agreement with both the structure model in section 5.3.3 and the findings 
in our XPS analysis. 
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Figure 5.27. a) Fraction of P – O – P and B – O – B bonds from bond valence 
(BV) analysis; b) Comparison of (P – O – P & B – O – B) from XPS data and 
BV analysis for the glassy system 0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] 
























































Figure 5.28. Comparison of a) P – O – B bonds; b) Non-bridging oxygens 
(NBOs) from XPS and BV analysis for the borophosphate glassy system 
0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] (0.09 ≤ Y ≤ 0.64) with the relative 
B2O3 content (Y). 
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Figure 5.29 shows the local environment of the Li
+
 ion sites located in the 
conduction pathways of the investigated borophosphate glasses. The yellow 
isosurfaces here represent the percolating Li
+
 ion conduction pathways. The 
density of pathways increases with rising B2O3 content from Y = 0.09 to 0.64 
(the volume fraction of percolating pathways (F) increases from 5.7% to 
8.3%), in line with the decrease of activation energy (Ea) as shown in Figure 
5.30, and the corresponding increase of experimental ionic conductivity (σdc) 
at 300 K. Besides, all the data points in Figure 5.30, except for the last point at 






Figure 5.29. Slices through the lithium migration pathway network visualized 
as isosurfaces of constant Li bond valence sum mismatch |ΔV(Li)| for the 
relative B2O3 contents Y = 0.18 (top) and Y = 0.55 (bottom) at 300 K 


























Figure 5.30. Variation of pathway volume fraction of Li
+
 ions with activation 
energy (Ea) for 0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] glasses (0.09 ≤ Y ≤ 
0.64). 
5.4. Conclusion 
The formation, atomic structure and transport properties of           
0.45Li2O – (0.55 – x)P2O5 – xB2O3 (0 ≤ x ≤ 0.55) or equivalently        
0.45Li2O –   0.55[(1 – Y)P2O5 – YB2O3] (0 ≤ Y ≤ 1) borophosphate system 
were scrutinized by keeping the molar ratio of Li2O/(P2O5 + B2O3) constant to 
focus on the influence of cation mobility changes due to the mixed glass 
former effect. Glass forming region of the borophosphate system is within the 
range of 0 ≤ Y ≤ 0.73 and 0.91 ≤ Y ≤ 1 by using melt quenching method. 
Addition of B2O3 into lithium phosphate glasses increases glass transition 
temperature (Tg) and number density, decreases the molar volume, and 
generally renders the glasses more fragile.  
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Correlation between structure and conductivity were thoroughly 
investigated using FT-IR, Raman, XPS and impedance spectroscopy, as well 
as MD simulation and Bond Valence (BV) approach. FT-IR, Raman, XPS 
spectra and MD simulations indicate the formation of    P – O – B bonds. A 
structural model is proposed to calculate the relative contributions of different 
bonds (i.e., NBOs, P – O – P, B – O – B and P – O – B bonds) in the 
borophosphate glasses, which turn out to closely harmonize with Raman and 
XPS data.  
Optimized potential parameters for MD simulations also reproduce the 
reported bond lengths, coordinations, and the presence of both BO3 and BO4 
units in this borophsphate system. Structural studies from BV analysis 
qualitatively agree with those from experimental data and the proposed 
structural model, which indicate the increase of P – O – B bonds (up to           
Y ≈ 0.5) and B – O – B bonds, as well as the decrease of P – O – P bonds and 
non-bridging oxygens (NBOs) with rising B2O3 content. 
The increase of cross-linking of the glass network through P – O – B 
bonds with B2O3 addition makes the glass chemically and structurally more 
heterogeneous, facilitating the formation of low energy pathways and thereby 
increasing the ionic conductivity. The linear rise of ionic conductivity (σdc) 
and reduction of activation energy (Ea) in the glass region of   0 ≤ Y ≤ 0.27 can 
be linked to the increase of B-(OP)4 bonds. The maximum fraction of              
P – O – B bonds at Y = 0.55 may be responsible for the maximum in σdc and 
the minimum in Ea for glass compositions of 0 ≤ Y ≤ 0.91. In the region of     
0.36 ≤ Y ≤ 0.55, the decrease of B-(OP)4 linkages and the increase of the       
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B-(OP)3 linkages explains the less pronounced increase of σdc and decrease in 
Ea. For 0.64 ≤ Y ≤ 0.91, the decrease of P – O – B bonds (and the emergence 
of crystalline Li3PO4 units in case of Y = 0.82) might account for the decrease 
of ionic conductivity.  
A proposed model to estimate the ionic conductivity (σdc) at room 
temperature, which is based on the relative fractions of different bonds of 
bridging oxygens (i.e., P – O – P, B – O – B, P – O – B), is found to accurately 
describe the values of σdc found from the impedance spectroscopy. 
Consequently, σdc can be directly predicted from the structural model in the 
borophosphate glasses and the role of P – O – B units for the conductivity 
enhancement in this mixed glass former system could be quantified.  
Analyses of impedance data in the conductivity and modulus formalisms 
as a function of temperature and frequency lead to single master curves for the 
reduced conductivity σ() and the modulus M” at all temperatures, which 
clarifies that the relaxation mechanism is temperature independent. The 
analysis of the temperature variation of the M peak indicates that the 
observed relaxation process is thermally activated. The inferences drawn from 
the above analysis ((i) Arrhenius dependence of relaxation peak on 
temperature and (ii) comparable values of activation energy obtained from 
conductivity and modulus analysis) not only demonstrates that ion transport in 
the investigated materials follows the hopping mechanism, it also indicates the 
existence of a universal ionic relaxation process that essentially consists of a 
redistribution of the mobile Li
+
 ions. 
Experimental and simulated values of ionic conductivity (σdc) at room 
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temperature are in good agreement. The effect of B2O3 addition on the 
pathways for the mobility of Li
+
 ions is also quantified using BV analysis for 
0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] glasses (0.09 ≤ Y ≤ 0.64). The volume 
fraction of Li
+
 ion transport pathways increases with the B2O3 content, in line 
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The overall objective of this PhD project was to study ion conduction 
mechanisms in fast ion conducting oxide glasses for all-solid-state 
rechargeable batteries. In view of this, various types of oxide glassy systems, 
such as lithium silicate glasses, lithium phosphate glasses doped with halide 
salt LiX (X = Cl, Br) and lithium borophosphate glasses, were synthesized and 
investigated using both experimental and simulation techniques. 
Through the combination of impedance spectroscopy, Molecular 
Dynamics (MD) simulations and Bond Valence (BV) analysis, the ion 
conduction mechanisms in all the studied glasses can be clearly manifested by 
the following factors: 
(a) Lithium ion transport pathway has to run along sites with mixed 
oxide / halide or exclusive oxide coordination.  
 In the investigated halide-doped phosphate glasses, this research has 
provided clear evidence that nearly all Li ions have mixed           
oxide / halide coordinations in the glass matrix and ion transport 
cannot be related to LiX aggregates since no such aggregates exist. 
This finding is consistent with experimental results. 
(b) Lithium ion transport follows the hopping mechanism. 
 Analyses of impedance data in the conductivity and modulus 
formalisms as a function of temperature and frequency for both 
halide-doped phosphate and borophosphate glassy systems indicate 
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(i) the Arrhenius dependence of relaxation peak on temperature and 
(ii) comparable values of activation energy obtained from 
conductivity and modulus analysis. This confirms that ion transport in 
the investigated materials follows the hopping mechanism. 
(c) Density or volume fraction (F) of ion migration pathways – the 
increase in the density or F of ion migration pathways accounts for 
the increase of ionic conductivity (dc) and a corresponding decrease 
in the activation energy (Ea).  
 Firstly, for the lithium silicate glasses xLi2O – (1 – x)SiO2, the 
density or volume fraction (F) of ion conduction pathways rises with 
increasing modifier content x, which is in line with the rise of ionic 
conductivity (dc) and the corresponding reduction of activation 
energy (Ea) in these glasses. 
 Secondly, in case of the halide-doped phosphate glasses yLiX –             
(1 – y)(0.6Li2O – 0.4P2O5), the density or F of ion conduction 
pathways is also found to slightly increase (i) when rising the lithium 
halide (LiX) dopant concentration (X = Cl, Br) or (ii) when doping by 
more polarisable halide X
-
 ions (e.g. the substitution of Cl
-
 by the 
same amount of Br
-
), which corresponds to the small increment of dc 
and the corresponding decrement of Ea. 
 Finally, for the borophosphate glasses 0.45Li2O – 0.55[(1 – Y)P2O5 – 
YB2O3] (0.09 ≤ Y ≤ 0.64), the density or F of ion conduction 
pathways rises with the increase of B2O3 content, which is again in 
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proportion to the increase of dc and the corresponding decrease of 
Ea. 
 For illustration, Figure 6.1 shows the local environment of the Li
+
 ion 
sites located in the conduction pathways (yellow slices) of the 
investigated borophosphate glasses. The increase in the density of ion 




Figure 6.1. Slices through the lithium migration pathway network visualized 
as isosurfaces of constant Li bond valence sum mismatch |ΔV(Li)| for             
Y = 0.18 (top) and Y = 0.55 (bottom) superimposed on the respective glass 
structure model. Li atoms: red spheres. 
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Figure 6.2 shows the correlation between the scaled pathway 
volume fraction ((FM1/2)1/3) and experimentally determined 
transport properties (i.e., dc, Ea) in the silicate and halide-doped 
phosphate glassy systems, which follows the same trend as that 
observed from RMC-generated structure models in an earlier study 
of our group. As seen in Figure 6.2, it is evident that the higher 
volume fraction (F) of the ion percolating pathways in the 
phosphates contributes to the higher values of ionic conductivity 
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Figure 6.2. Variation of Li
+
 ion pathway volume fractions with                        
a) Experimental room temperature ionic conductivity; b) Activation energy. 
Solid symbols refer to data from RMC models [1]. Open symbols refer to MD 
simulated data of silicate glasses xLi2O – (1 – x)SiO2 (where x = 0.10, 0.15, 
0.20, 0.25, 0.30, 0.33, 0.40, 0.45, 0.50) and halide-doped phosphate glasses 
yLiX – (1 – y)(0.60Li2O – 0.40P2O5) (where X = Cl, Br; y = 0.10, 0.15, 0.20, 
and 0.25 for LiCl only). 
226 
 
(d) Minimum value of local pathway dimension as the effective 
bottleneck for ion transport is correlated to the ionic conductivity 
and its activation energy.  
As observed from lithium silicate and halide-doped phosphate 
glasses (see Figure 6.3), the rise in the minimum value of local 
pathway dimension (i) with increase of modifier content Li2O (in 
case of silicates) or (ii) with the increase of LiX concentration or 
with the doping by more polarisable X
-
 ions (in case of halide-
doped phosphates) is in proportion to the decrease of the activation 
energy and the increase in ionic conductivity. In addition, similar 
to volume fractions of ion transport pathways, the values of 
minimum local dimension of phosphates observed in this study are 
higher than those of silicates, which again explain the lower Ea and 
higher dc of phosphate glasses when compared to silicate glasses 
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Figure 6.3. The local dimension of Li
+
 ion transport pathway, Dm(r) versus 
radius (r) for lithium silicate xLi2O – (1 – x)SiO2 and halide-doped phosphate 
yLiX – (1 – y)(0.60Li2O – 0.40P2O5) glasses. 
Besides the ion conduction mechanisms, this project also explores the 
relaxation behavior of ions in the glassy solid electrolytes by analyzing 
frequency dependent conductivity (()) and modulus (M”) formalism. In the 
halide-doped phosphate and borophosphate glasses, the comparable values of 
activation energy for hopping and dc conductivity suggest that the relaxation 
mechanism requires charge carriers to cross the same energy barriers as for the 
dc conduction process. The superposition of reduced conductivity (()) and 
imaginary modulus (M”) onto single master curves at all temperatures proves 
that the relaxation mechanism is temperature independent. Additionally, the 
analysis of the temperature variation of the M peak also indicates that the 
observed relaxation process is thermally activated. As for dc ionic 
conductivity, temperature dependence of relaxation peak (max) also obeys an 
Arrhenius-type relation. In particular, in the borophosphate glassy system 
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0.45Li2O – 0.55[(1 – Y)P2O5 – YB2O3] (0 ≤ Y ≤ 1), the overlap of master 
curves for different glasses onto a common super master curve in terms of 
σ() and M” further reveals the existence of a universal ionic relaxation 
process in these materials. 
During this research project, the combination of Molecular Dynamics 
(MD) simulation and Bond Valence (BV) analysis is found to be efficient in 
analyzing and predicting not only ion transport properties as mentioned above, 
but also the structure of the glassy solid electrolytes.  
 In the lithium silicate glasses, the decrease of bridging oxygens 
and the variation of Qn units (where n is the number of bridging 
oxygens) with the addition of network modifier Li2O as estimated 
from BV analysis for MD-simulated structures qualitatively agree 
well with reported experimental results and bond order model.  
 The optimised potential parameters for MD simulations in lithium 
halide-doped phosphate and borophosphate glassy systems, which 
have been derived in the frame of this project, can reproduce very 
well experimentally known bond lengths, coordination numbers of 
atoms in the structural networks, as well as their ionic conductivity 
within the experimental uncertainties. Structural analysis from BV 
approach for MD-simulated borophosphate glasses 0.45Li2O – 
0.55[(1 – Y)P2O5 – YB2O3] is qualitatively in good agreement with 
experimental results obtained from Raman and XPS analysis, 
which indicate the increase of P – O – B bonds (up to Y ≈ 0.5) and 
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B – O – B bonds, as well as the decrease of P – O – P bonds and 
non-bridging oxygens with rising B2O3 content. 
Moreover, a correlation between structure and conductivity in the 
borophosphate mixed glass former system 0.45Li2O – 0.55[(1 – Y)P2O5 – 
YB2O3] (0 ≤ Y ≤ 1) was discovered. It was suggested that the increase of 
cross-linking through P – O – B bonds with B2O3 addition facilitates the 
formation of low energy pathways and thereby increasing the ionic 
conductivity (dc). This study has also proposed two models (i.e., structure and 
conductivity model) to estimate the contributions of different bonds and dc at 
room temperature in the borophosphate glasses, which well harmonize with 
the experimental results. The conductivity σdc can be directly predicted from 
the structural model in the borophosphate glasses. It has provided clear 
evidence that extended P – O – P regions will significantly reduce the 
conductivity, while the introduction of P – O – B units into a P – O – P region 
is the key factor for the conductivity enhancement. The maximum fraction of 
P – O – B bonds at Y = 0.55 may be responsible for the maximum in σdc and 
the minimum in activation energy (Ea) for the glass compositions 0 ≤ Y ≤ 0.91.  
In summary, the investigations on the ion conduction mechanisms of the 
above oxide glasses have provided the valuable insight of not only structure 
and ion transport properties, but also the relaxation behaviors in these glassy 
systems.  The combination of the Molecular Dynamics (MD) simulation and 
the Bond Valence (BV) approach has shown to be a simple but efficient tool in 
predicting the variation of transport properties with compositions in the glassy 
solid electrolytes. It should be noticed that this formalism permits to estimate 
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the order of magnitude of ionic conductivity and activation energy for the 
glasses under study.  
6.2. Future work 
The ion conduction mechanism studies in the fast ion conducting oxide 
glasses were thoroughly investigated in this thesis. The oxide-based materials 
in this study are the promising candidates as solid electrolytes for the 
application of all-solid-state lithium rechargeable batteries, especially thin film 
or high temperature batteries, due to long-life cyclability, stability to humidity 
and high temperature [2 – 4]. Figure 6.4 illustrates a schematic diagram of a 
typical all-solid-state thin film battery for example, where oxide-based glassy 
solid electrolyte can be used [2]. To synthesize a thin film battery, all the 
components including anode (negative electrode such as metal Li, amorphous 
SnO, etc), solid electrolyte, cathode (positive electrode such as crystalline 
LiCoO2, LiMn2O4, etc) and suitable current collectors (Pt or Pt/Cr) should be 
fabricated onto a multilayered thin film (cf. Figure 6.4). 
Therefore, one possible direction for future work is to build the all-solid-
state thin film or high temperature lithium rechargeable batteries employing 
the fast ion conducting glasses in this work as the solid electrolytes. Testing 




Figure 6.4. Schematic cross-sectional view of a typical all-solid-state thin film 
Li-ion rechargeable battery. Modified from Ref. [2]. 
Another direction for future research is to expand the investigations for 
sulfide glasses xLi2S – (1 – x)P2S5 and Li2S – P2S5 – LiX  (where X = Cl, Br, 
I), as well as borophosphide glass Li2S – P2S5 – B2S3 with a similar approach 
(i.e., MD simulation, BV analysis, and impedance spectroscopy, etc) as the 
oxide glasses to clarify how replacement of oxygen by sulfur affects the local 
structure of glasses, ion transport pathways and thereby influences the ionic 
conductivity. In addition, ion transport in nanostructured heterogeneous solids, 
in particular glass ceramics formed by the partial crystallization of ion-
conducting glasses, also needs to be explore. This will provide a more 
complete picture of ion transport in both glassy and glass-ceramic solid 
electrolytes. 
Since sulfide glasses are highly sensitive to moisture and oxygen, 
Pt current collector 
Anode (Li, SnO, etc) 
Oxide-based solid electrolyte 
Cathode (LiCoO2, LiMn2O4, etc) 




mechanical milling, which can eliminate both the risk of explosion due to high 
vapor pressure of P2S5 and the use of high temperatures in case of 
conventional melt quenching, is a very promising technique for the 
preparation of these glasses. Furthermore, formation of fine electrolyte 
powders from mechanical milling is expected to possess better interfacial 
contacts with the electrode materials, which are one of the key issues to 
improve battery performance, when compared to the use of the ground glasses. 
Therefore, it will be worthwhile to pursue this technique for sulfide glasses. 
Another possible direction of research is to improve both ionic 
conductivity (dc) and electrochemical stability by studying the mixed glass 
former effect for sulfide glasses and glass ceramics. In the oxysulfide glasses, 
the small addition (up to 5%) of LixMOy (where M = Si, P, Ge, B, Al) to 




 and widen 
the electrochemical window to more than 10 V [5]. Additionally, by controlled 
thermal treatment above Tg and below the crystallization temperature (Tc), 
obtained sulfide-based glass ceramics can exhibit a higher ionic conductivity 
than the corresponding original glasses [6 – 9]. Recently, Hayashi et al. have 




 at room 
temperature for the glass ceramics 70Li2S – 29P2S5 – 1P2S3 and        
98(0.7Li2S – 0.3P2S5) – 2GeS2 [8, 9]. Therefore, further investigations on such 
mixed-glass-former glasses and glass ceramics (with and without dopants) 
might pave the way for the development of high conductivity solid electrolytes 
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